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Preface

The aim of this thesis is to perform a comprehensive analysis of the potential applications of
LPBF-processed aluminium alloys in light electric mobility. The research employs a material-
process-design approach, starting from the alloy selection and characterisation and progressing to the
development, manufacturing and testing of full-scale prototypes

Chapter 1 introduces the context of light electric vehicles, with a specific focus on e-bikes. The
materials-selection strategy described in this chapter is based on the stiffness- and strength-to-weight
ratios of competing materials, using Ashby selection charts and taking into account the sustainability
in terms of recyclability, embodied energy and durability.

Chapter 2 focuses on the corrosion behaviour of high-strength aluminium alloys, considered one
of the fundamental aspects for extending component durability. Following a comprehensive review
of the corrosion behaviour of traditional high-strength aluminium alloys, the focus moves to the
LPBF-intrinsic features that govern the corrosion behaviour of LPBF high strength aluminium alloys.
On this basis, the corrosion behaviour of a newly developed LPBF AISi9Cu3 alloy is investigated
under a range of different heat treatments. The influence of alloying elements on mechanical and
corrosion performance is then assessed by comparing three LPBF alloys: an Al-Si-Mg alloy, an Al-
Si-Cu alloy and Al-Cu-Mg-Ag alloy.

Chapter 3 provides an in-depth analysis of the mechanical behaviour exhibited by LPBF lattice
structures in AlSil0Mg. The effects of relative density, unit-cell size and specimen geometry on
stiffness, strength and deformation mode are analysed, with particular attention to the transition
between bending- and stretch-dominated behaviours. The subsequent use of topological aspect ratio
and Gibson-Ashby model makes it possible to identify the most suitable lattice structure configuration
for integration into a bike-frame component.

Chapter 4 explores hybrid welding between LPBF AlISi10Mg and wrought 6xxx series alloys,
using both fusion and solid-state joining techniques to evaluate their suitability in lightweight
structures. A detailed analysis of gas tungsten arc welded joints between LPBF AlSi10Mg and
AW6061-T6 is carried out to investigate metallurgical, mechanical and corrosion challenges. The
second part of the chapter is dedicated to friction stir welding of hybrid joints between LPBF
AlISi110Mg and AW6082-T6 under different welding parameters, in order to assess their mechanical
and corrosion behaviour.

Finally, in Chapter 5, the material- and structural-level findings are synthesised to guide the
development of two innovative e-bike prototype frames for light mobility. The first study concerns
the conceptualisation, design, and manufacturing of a lattice-integrated component for the rear
triangle of an aluminium e-bike frame, aiming to increase rear-triangle compliance without
compromising safety factors. The second part presents the conceptualisation, design and
manufacturing of a 3D-printed functional joints for a modular aluminium e-bike frame, addressing
both functional and regulatory requirements. Subsequent full-frame mechanical tests demonstrate the
reliability of the developed solution, in terms of estimated 10-year frame failure rate, with respect to
traditional frames.
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1 Materials selection and sustainability in light
electric vehicles design

The present research activities are focused on the investigation of the mechanical and corrosion
resistance properties of innovative high-strength alloys. These alloys have been designed for use in
lightweight and hybrid modular electric vehicles, thereby supporting the advancement of active and
sustainable mobility. In the initial phase of the project, the objective is to study and characterise new
high-strength aluminium alloys and new technological solutions for the light mobility field, with the
aim of improve the mechanical properties and reduce the weight of a bicycle frame, through the
achievement of a Technology Readiness Level (TRL) of 4 - 5. Following the qualification stages, the
project involves the conceptualisation and fabrication of a prototype lightweight modular vehicle with
the aim of reaching, at the end of the research period, a TRL of 7. In this second phase, the activities
focused on design and realised innovative bicycle frames, using different materials, in order to
evaluate and compare the sustainability, the performances and the ergonomics. The use of Additive
Manufacturing (AM) technologies enables the implementation of modular and detachable solutions,
which are integral to the design of these frames. This ensure the rapid assembly of systems that are
compatible with portable cycling tools.

1.1 Materials selection

The decarbonization of our society is one of the biggest challenges faced by scientists in this
century. Based on the International Energy Agency (IEA), the main contributors to carbon emissions
are electricity generation (42%), transportation (23%) and industrial emissions (19%) [1,2]. The
European Commission state that, within the road transport, the urban mobility is responsible for the
40% of all CO; emissions [3,4]. In this framework, creating a smart, efficient and sustainable mobility
system is a key factor. Two of the most important strategies to reduce the total emissions generated
by vehicles focuses on weight reduction and use of electrified powertrain [5]. Lightweight design led
to a reduction in fuel demand and a mitigation in CO; emissions. Over the past years, the use of
bicycles for everyday urban trips has increased markedly in many cities worldwide, driven by
growing environmental and health awareness as well as investments in cycling infrastructure and
shared-mobility services. In parallel, the rapid uptake of electric bicycles has further expanded the
role of two-wheeled light vehicles in urban mobility, lowering physical effort and enabling longer
trips for a wider range of users [6]. Electric bicycles are distinguished from traditional ones by the
integration of three additional components such as an electric motor, a storage battery and a battery
controller. Weight reduction is mandatory for this vehicle in order to improve the battery efficiency
and range. The lightweight design is not only the main driver in light mobility, as sustainability,
performance modularity and, above all, safety remain fundamental. Despite this aspect, in the
materials selection strategies, the topic of sustainability is strictly connected with the reduction of
weight and the reduction of environmental costs. The most common and useful instruments that can
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be used in the materials selection strategies are the Ashby charts, a scatter plots which displays two
or more properties of many materials or classes of materials [7]. These charts are provided with
guidelines used for selecting appropriate material as per requirements. As reported in Figure 1, the
guidelines with a linear relation - i.e. E/p and o¢/p — led to a materials selection based on the high
stiffness to mass ratio and high strength to mass ratio for different structural configurations. For
example, the E/p represent the loci of points for a structural configuration with axial load, while E"%/p
stand for structure with torsional loading [8]. It is evident that moving towards the upper-left corner
of the graph results in an increase in the corresponding performance index. This is due to the fact that
it serves to highlight materials that provide higher stiffness at a lower weight for the given design
constraint [8].
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Figure 1 - Ashby chart of (a) Young’s modulus versus density and (b) strength versus density [7].

Several studies reported that, in a bicycle frame, the tubular structures behave like beams
subjected mainly to axial compression loads [9—11]. With regard to this scenario and to the
aforementioned structural configurations, the appropriate guideline is E/p and o¢/p. As demonstrated
in Figure 2, the frame can be produced using a wide range of materials, including steel, aluminium
alloys, Ti alloys, Mg alloys and composites. Within the composite materials, the best solution for a
bicycle frame, could be the Carbon Fiber Reinforced Polymer (CFRP), leading to the highest stiffness
to mass ratio and strength to mass ratio.
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Figure 2 - Ashby charts of (a) E versus p and (b) or versus p related to metals and composite materials.

Despite all of these materials can fulfill the strength requirements of a bicycle frame, there are
dissimilar intrinsic properties that lead to different performance. A CFRP bicycle frame, due to the
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different values of density, stiffness and resistance to deflection, exhibit significant distinct
characteristics respect to the same frame made of other metals or composite material [12].

As previously stated, along with parameters such as stiffness and weight, the sustainability of
materials has emerged as a pivotal constraint rather than a secondary criterion . This approach opens
up to a conscious decision regarding the selection of materials, where the lightest option is not
necessarily the optimal one. As illustrated in Figure 3, the energy per unit volume and per unit mass
consumed in extracting and refining the materials is taken into account, including CO>, NOx and SOx
emissions [13]. It is evident from the data that aluminium and steel emerge as the most suitable
solutions for the frame production, notwithstanding their increased weight respect to the composite-
based solutions.
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Figure 3 - (a) Energy per unit volume and (b) per unit mass related with material production.

Within the domain of light mobility, mostly when vehicle electrification is taken into account, the
performance discrepancy between metallic frames and CFRP frames becomes less noteworthy, as the
mass difference can be largely balanced by electric assistance. Furthermore, the employment of steel
or aluminium has been proven to improve the overall sustainability balance, since metals are virtually
infinitely recyclable without significant loss of properties [14,15].

Therefore, when designing a vehicle within the electric light-mobility context, and considering all
the previously mentioned criteria, aluminium and its alloys arise as the most suitable choice for the
development of an e-bike frame. The concept of a “sustainable vehicle” thus becomes a key design
principle, integrating both environmental and performance requirements into the material-selection
process.
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1.2 New technology solutions: Additive Manufacturing

The introduction of the concept of “sustainable vehicle” exerts influence on the material selection
process, as previously described. In a context where weight reduction, the use of recyclable materials
and, more generally, design aimed at making light mobility more sustainable are increasingly
becoming the main paradigms, the choice and use of production technologies also becomes a
fundamental aspect. In this context, additive manufacturing (AM) is an enabling technology capable
of satisfying and further amplifying these benefits. It has been demonstrated by numerous studies that
the “near-net-shape” nature of additive manufacturing leads to a substantial reduction in material
waste when compared with traditional technologies. Furthermore, these processes have been shown
to enhance the efficiency of the production process [16,17]. Comparative studies have demonstrated
that the mass of the final component can be reduced by between 30 and 80 %, based on the geometry
and design constraints, when the design is specifically adapted for AM [18]. In the context of light
electric mobility, these aspects assume greater relevance. In the context of light electric mobility,
these aspects assume greater relevance. In the specific case of a bicycle frame, and particularly for an
e-bike, the integration of specific weight reduction and optimised geometries through AM allows for
a reduction in weight while maintaining or improving mechanical performance, resulting in a direct
benefit to energy consumption [19]. In this perspective, AM does not seek to replace existing
production processes, but rather to serve as a design tool to integrate lightness, performance and
sustainability.

One of the most distinctive aspects of AM is the design freedom afforded to the user. In the
structural field, this suggests the feasibility of integrating variable thicknesses, localised
reinforcements, internal cavities and geometric shapes derived from topological optimisation or
generative design methods [20,21]. The implementation of these strategies ensures a targeted
distribution of material, thereby guaranteeing the necessary levels of stiffness, strength, and
durability. From a lightweight design perspective, lattice structures emerge as one of the most
promising possible solutions. The use of these variable and programmable density structures in the
light mobility industry enables precise modulation of stiffness and energy absorption capacity,
resulting in components with a mechanical behaviour that is tailored to a specific application. AM
also facilitates the integration of functional elements into a single component, overcoming the need
for assembly of multiple parts in traditional frames. Such components may include internal passages
for wiring, dedicated battery compartments, or modular fastening systems. The combination of
geometric freedom and functional integration is set to provide AM with a strategic role in the
development of innovative frames, moving beyond the conventional concept of a series of tubes to
achieve a structure that is holistically optimised for performance, ergonomics and sustainability. The
integration of AM into the design of light electric mobility vehicles further reinforces the choice of
aluminium as the most suitable solution for sustainable design. The employment of aluminium alloys,
produced by AM, has the potential to become a pivotal element in the design of lightweight structural
elements for bicycle frames. In recent years, new high-strength aluminium alloys have been
developed for additive processes, combining high mechanical strength, good toughness and adequate
corrosion resistance [22].

Among the various additive manufacturing technologies, Laser Powder Bed Fusion (LPBF) is the
most mature and widespread solution for the production of aluminium alloy components [23]. The
elevated cooling rates and thermal gradients that are characteristic of this technology result in the

4



formation of specific microstructures, which, while conferring enhanced mechanical performance,
also give rise to critical issues [24]. LPBF technology has been shown to be capable of producing
components with mechanical properties that are comparable to, and in some cases superior to, those
of the corresponding cast or wrought alloys [22]. This technology is well-suited in the production of
small to medium-sized components, particularly those of a complex nature. In the field of light
mobility, these components can be integrated into larger parts, where conventional technologies
remain the optimal solution. However, LPBF of aluminium alloys is subject to certain limitations and
critical issues, including high laser reflectivity, a strong tendency to oxidise, and, for some high-
strength alloys, susceptibility to hot cracking [25,26]. This requires the optimisation of process
parameters to limit these problems and, concurrently, avoid the formation of porosity, lack of fusion,
or excessive residual stresses associated with the strong thermal gradients typical of this technology
[24,27]. In order to address these issues, different strategies can be adopted, including the design of
alloys with specific compositions to enhance the fluidity of the molten bath and reduce the
susceptibility to hot cracking. Additionally, the application of post-process heat treatments, such as
stress relieving, solubilisation or ageing treatment, can be implemented to reduce residual stresses
and modulate the microstructure in order to optimise mechanical performance and corrosion
resistance [28].

As discussed in this chapter, additive manufacturing, and more specifically, LPBF technology for
aluminium alloys, is emerging as a pivotal solution for integrating lightweight design, mechanical
performance and sustainability. In recent years, there has been rapid development in the field of
aluminium alloy powders, with a wide range of commercial powders now available. These powders
find use in the manufacture of components for a variety of industrial applications [29-32]. However,
the employment of high-strength aluminium alloys, obtained by LPBF, requires a comprehensive
understanding of the correlations between composition, processability and microstructure, and their
impact on mechanical and corrosion behaviour. The following chapters will discuss the study of new
high-strength LPBF aluminium alloys, with a particular focus on their corrosion behaviour. The study
will explore innovative structural solutions promoted by AM, including lattice structures, and the
challenges associated with integrating LPBF components into traditional structures using hybrid
joints. The analysis will then conclude with the design and manufacturing of innovative bicycle frame
prototypes, which will demonstrate the material-process-design approach, enabled by novel
production technologies and advanced materials.






2  Corrosion behaviour of AM high-strength
aluminium alloys

The applications of pure aluminium are somewhat limited due to its inherent properties. For this
reason, it is commonly combined with other elements such as silicon, magnesium, copper or zinc
[33]. The specific elements and their concentrations contribute to achieve specific physical and
chemical properties. When weight reduction and mechanical performance are the primary drivers,
such as in automotive or aerospace applications, the most used aluminium alloys are those belonging
to the family of high-strength aluminium alloys [34]. Conventionally, the high mechanical properties
of this type of aluminium alloy are achieved through precipitation hardening mechanism, typically
involving alloying systems such as Al-Cu (2xxx series), AI-Mg-Si (6xxx series) and Al-Zn-Mg (7xxx
series). However, the advent of additive manufacturing technologies has profoundly altered the
criteria governing alloy selection and design, introducing new constraints related to solidification
behaviour, microstructural features and defect susceptibility. Furthermore, conventional high-
strength aluminium alloys demonstrate limited processability through AM technologies. In order to
overcome this problem, during the last decades, new alloy systems have been developed specifically
for AM [35].

This chapter provides an overview of high-strength aluminium alloys from the perspective of
materials availability and processing methods. Particular emphasis was placed on the limitations of
traditional alloys in AM processes, the rationale behind the development of new alloys for AM and
the role of processing conditions and post-processing treatments on the resulting microstructure
features, mechanical performance and corrosion behaviour.

2.1 Traditional high-strength aluminium alloys

Conventional high-strength aluminium alloys have been extensively developed and optimised for
wrought and cast processing methods, where mechanical strength is primarily achieved through
precipitation hardening mechanisms. The 2xxx (Al-Cu) and 7xxx (Al-Zn-Mg) series are the most
widely used alloy families in high-performance applications [36]. The performance of these alloys
can be improved and tuned for specific requirements by tailoring their microstructure, such as
controlling the type, size and distribution of strengthening precipitates. In the case of high-strength
aluminium alloys, this is mainly achieved through precise selection of heating rates, solution-
treatment temperatures and ageing times.

In the 2xxx series, copper is the principal strengthening element. The presence of this alloying
element promotes the formation of finely dispersed metastable precipitates during the ageing process,
resulting in a substantial enhancement in yield and tensile strength [37]. The addition of magnesium
is often a strategy employed to enhance the precipitation kinetics and thereby optimise the
strengthening response of the material [33]. However, from an electrochemical perspective, Cu-rich
intermetallic phases and precipitates exhibit a higher degree of nobility in comparison to the
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aluminium matrix [37]. This difference promotes micro-galvanic coupling, leading to an increased
susceptibility of the surrounding matrix to preferential dissolution in corrosive environments.

In the 7xxx series of alloys, the strengthening mechanism is reliant upon the combined addition
of zinc and magnesium, which presence promotes the formation of strengthening precipitates during
the ageing process [32]. Nevertheless, the presence of these alloying elements also increases chemical
heterogeneity, particularly at grain boundaries, where solute segregation and precipitate formation
are promoted.

Historically, the development of high-strength aluminium alloys has been focused on
conventional manufacturing processes. In this scenario, the solidification conditions, deformation
paths, heat treatment stages and alloy chemistry are meticulously controlled and extensively
optimised to achieve the desired compromise between mechanical performance and corrosion
resistance. However, the adoption of additive manufacturing technologies introduces significantly
different processing environments. As already discussed, AM is mainly characterised by extremely
high cooling rates and repeated thermal cycles markedly different from those of conventional
processes. Consequently, these alloy systems designed for wrought or cast production technologies
can exhibit several limitations during AM processes. Due to their wide solidification range and
segregation tendencies, 2xxx and 7xxx series can exhibit a high susceptibility to solidification
cracking if applied in additive manufacturing processes [31]. Moreover, the intrinsic need of AM
parts for post-processing treatments, such as stress relief, may induce over-aging in these high-
strength aluminium alloys, reducing their mechanical and corrosion performance [38]. As results, the
application of traditional high-strength aluminium alloys in AM remains challenging, requiring
optimised conditions and tailored chemical compositions modifications. These limitations drive the
development of new aluminium alloys specifically developed for additive manufacturing processes.

2.1.1 Corrosion behaviour in traditional high-strength aluminium alloys

A considerable amount of research has been dedicated to the corrosion behaviour of traditional
high-strength aluminium alloys, given their extensive utilisation in safety-critical structural
applications [32]. In these alloys, corrosion is rarely uniform and is instead dominated by localised
corrosion mechanisms [39]. These mechanisms arise from the intrinsic chemical and microstructural
heterogeneity introduced by alloying and thermomechanical processing. In environments containing
chloride, the trigger of corrosion attacks is typically associated with the localised breakdown of the
passive oxide film, resulting in the occurrence of pitting corrosion [39]. Pit nucleation is frequently
promoted by intermetallic particles or precipitates, whose electrochemical potential differs from that
of the aluminium matrix. For instance, in Cu- and Zn-containing alloys, Cu-rich intermetallics
typically function as cathodic sites, thereby accelerating the local dissolution of the surrounding
aluminium matrix [40]. In wrought high-strength alloys, particularly those belonging to the 2xxx and
7xxx series, corrosion frequently propagates along grain boundaries, resulting in intergranular
corrosion (IGC)[41]. This behaviour is significantly influenced by the distribution of precipitates and
the presence of precipitate-free zones formed during the ageing process. A further critical issue
identified in high-strength aluminium alloys is stress corrosion cracking (SCC), which is the result of
an interaction between an IGC susceptible microstructure, tensile stress and a corrosive environment
[42]. The susceptibility of SCC is known to be associated with the alloy composition, the thermal
treatment history, and the residual stress state. SCC frequently represents a limiting factor in the
selection of alloys and heat treatments for structural applications. The overall corrosion response of
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traditional high-strength aluminium alloys is governed by the interplay between alloying elements,
microstructural features introduced by processing and heat treatment, and local electrochemical
heterogeneities. Whilst these mechanisms are well-established for conventionally processed
materials, significant differences in their appearance may be observed in additively manufactured
alloys, where microstructure, defects density and chemical distributions deviate from those of
traditional products.

2.2 High-strength aluminium alloys for additive manufacturing

The majority of aluminium alloys that were initially implemented in the AM process were casting
alloys. These alloys are distinguished by their near-eutectic compositions, which afford them
excellent fluidity and low susceptibility to hot tearing. This combination of properties serves to
minimise the risk of cracking during processing. Al-Si, Al-Mg or Al-Cu-Mg represent some of the
initial materials employed in AM technologies [35]. However, due to the continuous development in
AM, these alloys have become inadequate for applications requiring high mechanical properties. To
overcome this issue, AM-tailored aluminium alloys with specific chemical composition have been
developed in order to ensure good printability, avoid hot cracking and provide excellent mechanical
properties.

Al-Si alloys, and particularly AlSi10Mg alloy, represent the most established and industrially
mature type of aluminium alloy for additive manufacturing and, particularly, for laser powder bed
fusion. The widespread uptake of this alloy can be attributed to its optimal solidification behaviour
during the printing process. The high silicon content reduces the solidification range, improves
fluidity and reduce the susceptibility to hot cracking [43]. The microstructure of LPBF-processed Al-
Si alloys is characterised by the formation of a fine cellular structure, where a Si-rich eutectic network
is established along the cell boundaries as a consequence of rapid solidification [44]. As reported by
Revilla et al. [45], this finer as-built microstructure is highly heterogenous at the microscale. Finer
cells in the melt pool centre (MPC), coarser cells in the melt pool boundary (MPB) and partially
broken silicon network along the heat affected zone (HAZ). This fine microstructure contributes to
relatively high strength in the as-built condition compared to conventionally cast counterparts. The
presence of Mg enables the precipitation of hardening phases such as Mg;Si, allowing further
enhancement of mechanical properties [46]. Nevertheless, Al-Si-Mg alloys demonstrate intrinsic
constraints with regard to achievable levels of strength. The strengthening effect of Mg-containing
precipitates is comparatively negligible in relation to that of Cu-based systems [33], and peak
mechanical properties frequently remain below the levels required for high-load structural
applications. Notwithstanding this, Al-Si-Mg alloys are widely recognised as benchmark or reference
materials for LPBF processes, offering high reliability and reproducibility.

In order to surmount the inherent limitations of Al-Si-Mg systems, considerable research efforts
have been directed towards the development of Al-Cu alloys. It is evident that copper is a highly
effective strengthening element in aluminium alloys. This is due to its strong precipitation hardening
response, which has the potential to enable mechanical properties comparable to those of
conventional high-strength wrought alloys [47]. A rapid solidification and repeated thermal cycling
promote the formation of a supersaturated solid solution and a fine cellular microstructure. This
process is accompanied by pronounced Cu segregation at cell and melt pool boundaries.
Consequently, the as-built microstructure of LPBF Al-Cu alloys is characterised by the prevalence of
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non-equilibrium Cu-rich phases [48]. While this microstructural feature provides a suitable basis for
subsequent precipitation strengthening, it also makes Al-Cu alloys particularly sensitive to post-
processing conditions. Consequently, post-processing heat treatments are imperative to activate the
strengthening potential. For instance, Al-Cu-Mg-Ag alloys achieve its maximum strength through the
presence of plate-like Al.Cu precipitates, whose precipitation is attributable to homogeneous
nucleation from nanometric Mg- and Ag-rich co-clusters during the early stages of the ageing
treatment [49]. However, it is important to note that extensive solution and ageing treatments may
substantially modify, or even partially disrupt, the fine microstructural features generated during
LPBF. This underscores a fundamental trade-off between optimising strength and preserving the AM-
induced microstructural refinement.

As discussed in the previous chapter, the steep thermal gradients and repeated thermal cycles
intrinsic to LPBF processing give rise to elevated residual stresses and a microstructure that is both
supersaturated and chemically heterogeneous. A stress-relief treatment is therefore usually required
to reduce these stresses and to ensure the dimensional stability and structural integrity of AM
components. In the case of precipitation-hardenable aluminium alloys, stress relieving constitutes a
critical step due to the fact that the temperatures required for effective residual stress reduction may
coincide with those determining microstructural evolution and precipitation phenomena [50].
Conventional stress-relief treatments (approximately 250-350 °C [24]) have been observed to induce
partial over-ageing or microstructural coarsening, resulting in a reduction in strength and, in certain
instances, the loss of the fine microstructural features generated during LPBF. Conversely, solution
treatment and ageing are often necessary to activate precipitation hardening but may further result in
the homogenisation of the microstructure and the inhibition of the benefits associated with rapid
solidification [50]. Post-processing strategies for AM aluminium alloys must address the balance
between mitigating residual stress, achieving microstructural homogenisation, and promoting
precipitation strengthening. Several approaches have been advanced to address this challenge. For
instance, T5-type treatments may be employed to preserve the as-built microstructure [51], and
meanwhile the optimisation of process parameters, such as elevated build platform temperatures, may
be used to reduce residual stresses during fabrication [52].

2.2.1 Corrosion mechanisms in AM high-strength aluminium alloys

As previously discussed for conventional high-strength alloys, the combination of elements such
as Cu, Zn and Mg generates chemically heterogeneous microstructures, in which precipitates,
depleted zones and intermetallic phases give rise to galvanic micro-pairs. These have been shown to
be responsible for pitting, IGC and SCC. In the context of alloys engineered for AM, particularly
those designated for LPBF, this inherent heterogeneity is further exacerbated by macro- and
microstructural characteristics arising from the process itself. These include the occurrence of
overlapping melt pools, anisotropic eutectic networks, and local composition gradients.

It has been demonstrated by a considerable number of studies that, in Al-Si/Al-Si-Mg LPBF alloys
(for example, AISi10Mg), corrosion behaviour is subject to strict control by the non-equilibrium
microstructure that is developed during the printing process. Following immersion in chloride-
containing solutions, marked selective corrosion of the a-Al cells is observed in the MPB and HAZ
areas, driven by the galvanic coupling between the matrix and the silicon phase [53—58]. Rubben et
al. [59], attributed this behaviour to the local discontinuity of the Si network, which in these regions
loses the continuous shielding character that is observable elsewhere.
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In LPBF alloys with higher copper content, such as the 2xxx series Al-Cu alloys adapted to AM,
the Cu-rich precipitates present along the MPBs and in the interdendritic zones introduce an even
more pronounced galvanic component [60]. These particles, functioning as noble cathodes within the
matrix, enhance the selective dissolution of aluminium and promote the initiation of deeper and more
extensive attack, while preserving a predominantly inter-melt-pool attack morphology. In certain
instances, this selective damage has been observed to be concomitant with the emergence of
microcracks in thermally altered regions, in the presence of high residual stresses [61].

Another critical factor for the corrosion behaviour of LPBF alloys is the presence of defects and
residual stresses. The presence of surface defects, such as partially melted particles, surface porosity,
or topographical irregularities, has been demonstrated to compromise the formation and stability of
the oxide film [62,63]. This, in turn, has been shown to promote the initiation of localised attacks.
Concurrently, volumetric defects and residual stress fields have been observed to increase
susceptibility to stress corrosion cracking, acting as preferential sites for stress concentration and co-
localisation of corrosion and deformation [45].

2.2.2 Effect of heat treatment on corrosion behaviour

The corrosion behaviour of LPBF aluminium alloys is also strongly influenced by post-process
heat treatments, which have the capacity to modify both the microstructure and residual stresses.

In Al-Si-Mg systems, stress relieving treatments performed at low temperatures do not alter the
melt pool macrostructure. However, they do cause coarsening and greater discontinuity of the Si
network at the melt edge. This leads to a much more aggressive selective attack than in the as-built
case. It is evident that high-temperature treatments profoundly modify the microstructure, thereby
reducing susceptibility to selective attack. However, this process also results in the formation of a
more porous and less protective surface oxide film compared to that observed in the as-built case
[59,64—67]. In the context of Al-Cu alloys, the high-temperature heat treatment has been observed to
result in a modest enhancement in corrosion resistance, accompanied by a selective attack
morphology, albeit with a reduced penetration depth. Notwithstanding this enhancement, the elevated
nobility of the Cu-rich particles sustains a pronounced local cathodic component and elevated anodic
currents in comparison to Al-Si-Mg systems, thereby preserving a considerable sensitivity to localised
corrosion [38,48,60].

As discussed in previous sections, conventional high-strength Al-Cu and Al-Zn-Mg alloys offer
excellent mechanical performance. However, their processability by LPBF and their corrosion
behaviour remain critical issues due to hot-cracking susceptibility, residual stresses and poor
corrosion performance. In contrast, Al-Si-Mg alloys, such as AISi10Mg, demonstrate excellent
processability but their intermediate mechanical properties can be a constraints for application
requiring high structural integrity. Consequently, recent research has concentrated on Al-Si-Cu
alloys, which combine good printability with enhanced strength. The present study aims to investigate
the LPBF AISi9Cu3 system in detail, with a focus on its corrosion response under different heat
treatments.
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2.3 Corrosion behaviour of new LPBF high-strength aluminium alloy

As previously discussed, through proper heat treatment Al-Si-Mg alloy can exhibit satisfactory
mechanical performance. In order to further enhance strength, hardness and, at the same time,
ensuring the best mechanical properties for both as-built and heat-treated conditions, the addition of
Cu in Al-Si-Mg alloys could represent a suitable approach [37,68]. Another commonly added alloying
element to improve the temperature performance of Al-based alloys is Fe. Nonetheless, Fe must be
kept at a low percentage as it might cause a decrease in ductility and promote brittle phases that could
negatively affect the material performance [69]. Thanks to this combination of alloying elements, Al-
Si-Cu alloys with small quantities of Fe and Mg have been widely employed for automotive
applications, where high mechanical performance combined with light weight for reducing fuel
consumption are required [70]. Among them, the AlSi9Cu3 is one of the most widely used alloys in
the automotive industry [71]. Its extensive use in high-pressure die casting is primarily driven by its
optimal balance of castability, strength, and machinability, coupled with a well-established response
to heat treatment [72]. The good processability of AISi9Cu3 via LPBF is guaranteed thanks to the
high Si content [73], while the presence of 3 wt.% of copper makes it an age-hardening alloy [74]. In
addition, the high cooling rates inherent to LPBF promote a strong supersaturation of the solid
solution, which further enhances the achievable strength levels [71,75]. As demonstrated by
numerous studies, the LPBF processing method yields a fine cellular microstructure, distinguished
by a supersaturated a-Al matrix encircled by a Si-rich network and meticulously dispersed Cu-rich
phases. This microstructure is significantly distinct from the coarse dendritic structure that is
characteristic of cast AISi9Cu3 alloys. However, the addition of copper provides high strength but
usually compromises the corrosion resistance due to galvanic coupling between Cu-rich precipitates
and Al matrix [76]. In conventionally processed AlSi9Cu3 alloys, corrosion has been reported to
occur preferentially at Cu- and Fe-rich intermetallics. These act as cathodic sites, thereby promoting
localised dissolution of the surrounding matrix [72].

In the current context, where sustainability and reduction of environmental footprints are of
growing interest, the scientific research focus is moving towards the use of sustainable and durable
solutions. This perspective highlights the importance of corrosion prevention, as it extends the service
life of structures and decreases the need for raw materials to replace them. Previous studies have
mainly focused on the corrosion behaviour of LPBF AlSi10Mg [53,54,77] and Al-Cu alloys [60],
showing that corrosion behaviour is strongly linked to the melt pool microstructure and the second
phases distribution. Specifically, it has been demonstrated that microstructural heterogeneities at melt
pool boundaries and in heat-affected zones play a pivotal role in the initiation and propagation of
corrosion in LPBF aluminium alloys [61]. Conversely, conventional AlISi9Cu3 alloy produced by
casting have been extensively studied [78-81], but the unique solidification conditions of LPBF,
leading to oversaturation of the Al matrix and redistribution of Cu- and Si-rich precipitates, suggest
that corrosion mechanism could be significantly different. To the best of the authors’ knowledge, no
systematic investigation on the corrosion behaviour of LPBF AISi9Cu3 alloy under different heat
treatments has been reported so far, which motivated the investigation presented in this chapter.

2.3.1 AISi9Cu3: materials and methodology

A collaboration with the Polytechnic University of Turin enabled the study of the corrosion
behaviour of an innovative Al-Si-Cu-Mg alloy obtained using Laser Powder Bed Fusion technology.
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A commercial gas-atomized AlSi9Cu3 powder, supplied by ECKA Granules, was used as feedstock
material for the LPBF sample production. The chemical composition of the feedstock powder
provided by the supplier is reported in Table 1.

Table 1 - Chemical composition (wt.%) of the feedstock powder.

Elements (wt.%) Al Cu Si Mg Mn Zn Fe
AlSi9Cu3 bal. 3.0 9.3 0.29 0.21 0.81 0.91

Cylindrical specimens used for hardness and corrosion tests (15 mm diameter, 5 mm height,
oriented with the axis of revolution parallel to the building platform) were produced using an EOS
M270 Dual Mode 3D under a high-purity argon atmosphere. The machine is equipped with a
continuous Nd: YAG fiber laser capable of delivering up to 200 W of power, with a laser spot
diameter of 100 um. The LPBF process parameters were applied based on the optimization study
previously conducted by the authors [82].

The specimens were studied in as-built (AB) condition and after different post-process heat
treatments, as summarised in Table 2. A low-temperature direct aging (DA) heat treatment was
carried out at 160 °C for 3 hours. This parameter was selected on the basis of thermal treatments
specifically developed for PBF-ed alloys, with the aim of enhancing mechanical properties without
substantially altering the microstructure [28,83]. In addition to DA, three high-temperature heat
treatment were applied. The first consisted of a solution treatment followed by water quenching (S),
designed to isolate the effect of a lone solubilisation step at high temperature. The second was a T4
heat treatment, involving solutioning quenching and subsequent natural ageing at room temperature.
Although this treatment is typical of Al-Cu alloys [60], it was selected in this study to investigate the
influence of natural ageing on an alloy similar to AIS110Mg but containing a significantly higher Cu
content. Finally, a T6 heat treatment was performed, combining solutioning, quenching and artificial
ageing. While T6 is the standard condition for Al alloys [71], in this study both the solutioning and
ageing steps were consciously shortened to evaluate their effect and to explore the potential for
industrial applicability to LPBF AISi9Cu3. This experimental design allowed the individual roles of
solution treatment, natural ageing, and artificial ageing to be distinguished, while the DA condition
provided a useful comparison with alternative precipitation strategies commonly investigated in
LPBF alloys.

Table 2 - Heat treatments performed.

Heat treatment Solubilization Cooling rate Ageing conditions
conditions

DA - Air cooling 160 °C for 3 h

S 510°Cfor1.5h Water quenching -

T4 485°Cfor 1 h Water quenching 25°Cfor 72 h

T6 510°Cfor1.5h Water quenching 160 °C for 2 h
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Metallographic investigation

Microstructural analysis on AB and heat-treated conditions was performed on cross sections
parallel to the building direction. In order to obtain a surface finishing suitable for micrographic
analysis, the specimens were mechanically ground with SiC emery papers up to 4000 grit and then
polished with a 1 um diamond suspension. The microstructures were revealed by chemical etching
with Keller reagent and analysed using a Keyence VHX-7100 digital-optical microscope and a Zeiss
Sigma 300 field emission scanning electron microscope (FESEM), equipped with an Oxford x-act
probe for energy-dispersive X-ray spectroscopy (EDS). Vickers hardness tests were carried out
applying a 1 kg load for 15 s, according to ISO 6507. A nanoindentation mapping was done in order
to characterise the mechanical properties of the microstructure. This analysis was done using Park
Systems NX-10 atomic force microscope with a NM-RC-SEM cantilever, a single crystal diamond
tip with a resonant frequency of 750 kHz and a spring constant of 350 N/m specifically designed for
nanoindentation. The analysis was performed in displacement-controlled mode with a maximum
depth of 70 nm. A fine spatial resolution of 750 nm was used to cover an area of 50 um x 50 um. The
loading and unloading speed were set to 0.02 um/s with a sampling rate equal to 100 Hz. The
microstructure of the specimens was further investigated by means of X-ray diffraction (XRD)
crystallography with a Brunker Advance D8 diffractometer, deploying 1.541 A wavelength Cu K,
radiation with an angular step size of 0.01°.

Electrochemical test

Electrochemical impedance spectroscopy (EIS) and potentiodynamic (PD) polarization tests were
performed with an Ivium CompactStat potentiostat, in a 1 L glass cell (according to ASTM G5) with
two graphite electrodes and a saturated calomel reference electrode (SCE) placed in a Luggin probe.
The electrochemical tests were conducted using a (PTFE) sample holder, with an exposed area of 0.8
cm?. To ensure optimal surface preparation, the specimens were ground with SiC papers up to 4000
grit, followed by a polishing with a 1 pm diamond suspension. Then, the specimens were degreased
using acetone and then a passivation process was performed in a dryer for 48 h at room temperature.
EIS and PD tests were conducted at room temperature (23 + 2 °C) in an aerated solution with 1 g/L
sodium chloride and 41.18 g/L sodium sulphate. The selection of this solution was made with the aim
of avoiding an excessively aggressive environment, as evidenced by previous research conducted on
the AlSi10Mg alloy [60]. Before the EIS tests, a stabilization phase was carried out for 3600 s, with
a monitoring of the open circuit potential (OCP). Subsequently, the EIS spectrum was obtained with
a sinusoidal polarization of 10 mV amplitude in a frequency range between 0.01 and 10’000 Hz, with
5 frequency values collected for each decade. After the EIS tests, the OCP was monitored for 300 s,
until a stable value was reached. Then, the PD tests started, with a potential scanning rate of 10
mV/minute, starting from — 10 mV with respect to the OCP, up to an anodic current density of 1
mA/cm?. In the potentiodynamic curves, the ohmic drop was corrected using the ohmic resistance
value of the solution, which was obtained from the EIS spectrum in the high frequency range. A
minimum of two specimens were tested for each condition.

To characterise the stability of the aluminium oxide and the effect of high-temperature heat
treatment on its stability, electrochemical impedance spectroscopy tests were carried out in aerated
solution with 0.5 g/LL sodium chloride and 41.18 g/L sodium sulphate every 3 hours up to 130 h of
immersion. At the end of the test, the specimens were washed with distilled water, rinsed with acetone
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in ultrasonic bath and dried. The morphologies were observed by means scanning electron
microscopes.

Intergranular corrosion test

Susceptibility to selective corrosion was assessed in accordance with EN ISO 11846 standard
(Method B). The specimens were mechanically ground with SiC papers up to 2400 grit. The initial
diameter and height were measured with a Vernier caliper. The samples were then degreased with
acetone, immersed for 3 minutes in a sodium hydroxide solution (8 % by weight at 55 + 2 °C), rinsed
in distilled water, immersed for 2 minutes in concentrated nitric acid, rinsed again in distilled water
and dried. Subsequently, the specimens were immersed in the test solution, containing 30 g/L sodium
chloride and 10 mL/L concentrated hydrochloric acid, at room temperature for 24 h. The temperature
of the test solution was maintained within a range of 21-25 °C. Afterwards, the samples were rinsed
in distilled water and dried. Corrosion products were removed with a non-metallic brush, followed
by a systematic rinsing in distilled water, then immersed in an ultrasonic bath of acetone and
subsequently allowed to dry. The mass loss during the test was measured through the difference
between the initial mass of the specimen and the one measured after the immersion period, measured
with a Sartorius analytical balance (Readability 0.01 mg). To ensure the repeatability of the results,
weighing was repeated three times. A metallographic section perpendicular to the exposed surface
was then evaluated in order to determine the presence, depth and morphology of the corrosion attacks

Volta potential measurements

Scanning Kelvin Probe Force Microscope (SKPFM) analyses were performed using Park Systems
NX-10 atomic force microscope. To investigate the distribution of the surface potential, topographic
and potential measurements were acquired simultaneously with an ElectriMulti75-G cantilever with
a resonant frequency of 75 kHz, a spring constant of 3 N/m and a Pt-covered tip with a radius of less
than 25 nm. Maps with variable sizes ranging from 100 x 100 um to 10 x 10 um were recorded with
a scan frequency ranging from 0.05 to 0.02 Hz. The measured potential signal between the tip and
the sample corresponds to the difference between the probe’s work function and the surface, which
is directly related to the Volta potential of the material. A bias was applied to the tip, and to ensure
consistency with the polarity of the Volta potential, the recorded potential was inverted.

2.3.2 Results and Discussion
Analysis of the microstructure

The FESEM analyses reported in Figure 4a highlighted microstructural differences in the grain
structures between the centre and the boundary of the melt pool. In particular, microstructure is
constituted by a a-Al cells matrix surrounded by a network enriched in second phases, as confirmed
by FESEM micrographs acquired in BSD mode (Figure 4b,c). At higher magnification, this network
resulted finer within the melt pool centre (MPC), whilst at the melt pool boundaries (MPB) it becomes
slightly coarser. In addition, the AB specimens exhibited a heat-affected zone (HAZ) near the MPB,
where the network appeared fragmented. The presence of this region can be ascribed to the
overheating of the underlying layer during the printing process of a new layer, as already postulated
in a study on LPBF AlSi10Mg by Thijs et al. [84]. The differences among these regions are not only
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microstructural but also compositional. EDS analyses performed at low magnification (Figure 4e)
clearly revealed that silicon is concentrated within the network. Consequently, the Si presence appears
more finely distributed in the MPC region due to the smaller network size. In contrast, the silicon-
enriched network is more visibly developed at MPB. In the HAZ region, the Si distribution becomes
finer and more uniform again as a result of the network fragmentation. Copper follows a similar trend,
though its cellular distribution is not clearly visible at MPB. and it is significantly less abundant than
expected, suggesting that the local thermal history may have caused Cu to partially re-dissolve into
the matrix due to overheating during layer deposition. High-magnification EDS maps indicate that
Cu is concentrated in small, localized spots within the Si-enriched network (Figure 4d). These
precipitates could be likely attributable to the Al>Cu phase due to the high Cu content of this alloy.
This hypothesis is supported by Fousova et al. [85] who corroborated the occurrence of AloCu phase
within the microstructure of an Al-Si-Cu alloy with a very similar chemical composition
manufactured by LPBF.

Figure 4 - Low-magnification FESEM micrograph of the AlSi9Cu3 alloy in AB condition (a) with higher
magnification images highlighting (b) melt pool core and (c) boundary. (d) High-magnification FESEM
micrograph with second phase morphology in the AB condition and relative main element distribution EDS
maps. () Low magnification EDS maps highlighting Al, Si and Cu distribution inside the melt pool in the AB
condition.

Figure 5 presents a correlative analysis of the A1Si9Cu3 alloy in its as-built condition, in which
microstructural observation is accompanied by High-Speed Nanoindentation Mapping (HSNM). As
illustrated in Figure 5a, the image provides a clear visual representation of the melt pool structure
typically observed in LPBF materials. As previously outlined, MPC can be distinguished from MPB
due to the varying solidification conditions, which result in local variations in microstructure and
alloy element distribution. As demonstrated in Figure 5b, the nanoindentation map reveals a
heterogeneous distribution of local stiffness, which reproduces the microstructural "footprint"
observed in Figure 5a. Along the area associated with the MPB, regions exhibiting a divergent local
elastic response in comparison to the MPC regions can be identified. A similar observation was
reported by Dedry et al. [86] who found higher stiffness in LPBF AISi10Mg in areas with a higher

silicon content compared to depleted areas. As reported by Rossi et al. [87], the measured stiffness is
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particularly sensitive to local variations in microstructure and composition on a micrometric scale,
and the combination with electron microscopy allows the construction of a true correlative
mechanical microscopy.

i s

Figure 5 — (a) FESEM micrograph and (b) nanoindentation map on AB alloy AISi9Cu3. Scan size: 50 x 50
um?,

For the studied alloy, T5 direct ageing (DA) heat treatments, with ageing temperatures ranging
from 150 to 180 °C and ageing times between 2 and 6 hours, were typically adopted to slightly reduce
residual thermal stresses while also preserving the remarkable AB microstructure, which is
responsible for the alloy distinctive mechanical properties while also preserving the remarkable AB
microstructure, which is responsible for the alloy distinctive mechanical properties [88]. In this work,
T5 heat treatment was performed at a temperature of 160 °C for 3 h. The micrographs shown in Figure
6 were obtained via SEM on the DA-treated sample. The microstructure and melt pool configuration
were very close to that of the AB condition, as expected. In addition, no significant alterations were
observed in the size or distribution of Si and Cu precipitates. Similarly, EDS analysis showed a MPB
with a different distribution of Cu-rich phases, with a higher concentration at the boundaries (Figure
6¢). The HAZ showed a difference in Cu concentration, with a lower amount of Cu with respect to
the adjacent regions. The temperature of the DA heat treatment is lower than the peak temperature
for precipitation, coarsening and spheroidization of the Si precipitates, which was proved to be around
273 °C [50,88]. However, this process can still promote the formation of secondary phases that are
rich in silicon [89]. Alongside, despite Cu usually exhibits a low solid-state diffusion within the Al
matrix at room temperature, its diffusion capacity is known to sensibly increase at higher
temperatures, resulting in the coarsening of Cu-rich precipitates [90]. Even though both time and
temperature are too low for promoting Si precipitation, DA heat treatment might have led to the
formation of Si- and Cu-rich precipitates, which however remained undetectable since they are at the
micrometer scale. Santos et al. [91] reported the coarsening of the Al.Cu phase in an Al-Si-Cu alloy
following ageing treatments in a temperature range between 160 and 190 °C.
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30 pm

Figure 6 - (a) Low magnification FESEM micrograph of the AlSi9Cu3 alloy in DA condition with (b) higher
magnification image highlighting melt pool core and boundary. (¢) Low magnification EDS maps highlighting
Al Si and Cu distribution inside the melt pool in the DA condition.

Heat treatment at higher temperatures resulted in significant modifications of the microstructure
(Figure 7). The heat treatment named S led to a complete breakdown of the Si- and Cu-rich network
and a less defined melt pool structure (Figure 7a). In fact, according to studies already published on
similar composition, solution heat treatment at higher temperatures activates the interdiffusion of Si
within the a-Al matrix that leads to the breakup of the network [50] and to a redistribution of soluble
phases containing Cu and Mg in the solid solution [83]. As shown in the higher magnification
micrograph (Figure 7b) and confirmed by the EDS map (Figure 7c), the microstructure consists of
coarse and globular Si particles while Cu remains dispersed within the Al matrix. The effects of the
T4 heat treatment on AlSi9Cu3 alloys are very similar to those of the S heat treatment (Figure 7d).
The absence of marked microstructural differences (Figure 7a,d) suggests that both the slight
variation in solutioning temperature and the natural ageing process had a negligible effect on
microstructural evolution. At higher magnification (Figure 7c¢,f), the microstructure was characterized
by coarse Si precipitates, while Cu segregated into fine precipitates [38,92]. The FESEM micrographs
of the T6 condition reported in Figure 3g showed a complete disappearance of the MPB and the
presence of large Si particles. The latter are probably the result of the rupture of the Si network and
the subsequent coarsening during the solution heat treatment. EDS analysis confirmed the additional
presence of slightly coarser Cu-rich precipitates.
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Figure 7 - Low-magnification FESEM micrograph, with second phase morphology and relative main element
distribution, of the alloy AISi9Cu3 after S (a,b,c), T4 (d,e,f) and T6 (g,h,i).
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To gain a deeper understanding of the phase transformations and the evolution of second-phase
particles induced by the applied heat treatments, XRD was used as a complementary technique
alongside SEM and FESEM microstructural investigations and EDS compositional analyses. The
XRD patterns, reported in Figure 8, were analysed to identify the crystalline phases present under
each treatment condition. Peaks of Al and eutectic Si were distinctly recognizable in each condition.
However, Si peaks appear more intense after T4, S and T6. Indeed, the major precipitation of Si
phases out of the supersaturated solution coupled with the network dismantle and particles coarsening
increase the amount of detectable Si during the analysis, increasing the Si signal and therefore the
peak intensity. On the other hand, no significant difference could be reported observing the peaks
after DA compared to the AB condition, suggesting that the Si network is almost unaltered by the
low-temperature heat treatment, and that no significant precipitation had taken place, confirming what
was already observed by image analysis. Small peaks of minor phases rich in Cu and Fe could also
be observed. In particular, AlLCu phases could be detected in all conditions. As observable in Figure
4 and Figure 5, the Cu-rich compounds are present in the network along with the eutectic Si in both
AB and DA conditions, whereas they appear as bigger precipitates in the S, T4 and T6 conditions. It
is worth noting that a higher amount of Cu in solution can be detected after S, as evidenced by the
phase map (Figure 7c). Indeed, the higher solutioning temperature, which exceeds the ALCu melting
one, i.e. 507 °C [93], presumably led to a solutioning of the Cu-rich phases, causing an enrichment
in Cu of the solid solution. This enrichment is further increased by the absence of the ageing
treatment, either natural or artificial, following the solubilization step, as happens for T4 and Té6.
Additionally, more minor peaks can be spotted in the XRD pattern of T4, S and T6 conditions: these
minor peaks are more likely to be associated with phases like Al;CuzFe, AlsFeSi and Al,CuMg.
However, their detection through XRD analysis is challenged by their small amount and reduced size,
which hinders their identification through map analysis; indeed, their peaks tend to be small and most
of them overlap with bigger peaks like Si and Al. Even though the ageing following the solubilization
step in the T6 had increased the amount and size of phases, as previously described, no significant
differences in the peaks between S and T6 could be evidenced, presumably due to a coarsening of the
phases below the detectability of the XRD analysis.

20



s Al eSi a Al Cu e MinorAl-Fe-{CwSi)phases

.....................................

Figure 8 - XRD pattern of the alloy AISi9Cu3 in the AB condition and after different heat treatments.

Indeed, to correlate the microstructural and phase changes induced by the different heat treatments
with the mechanical response, Vickers microhardness measurements were carried out on all samples.
The results of these measurements are summarized in Figure 9, which shows the hardness values for
all the investigated heat treatment conditions. The alloy in the AB condition exhibited relatively high
hardness, due to the rapid cooling rates characteristic of the LPBF process and the related
metallurgical advantages previously described. The AB AlSi9Cu3 hardness was significantly higher
than its as-cast counterpart [94]. Following DA, a slight increase in hardness was detected, with
values comparable to those reported by Lagalante et al. after a similar treatment (160 °C for 8 h) [72].
The same authors demonstrated that this increase can be ascribed to a strengthening mechanism
related to the formation of finely dispersed Si-rich secondary phases, which hinder dislocation
motion. The relatively low Vickers hardness observed in the S condition was consistent with the XRD
and metallographic analyses (Figure 8 and Figure 6), which revealed the segregation of coarse Si-
rich particles that proved to be ineffective in enhancing the material mechanical strength.
Furthermore, Bosio et al. [95] reported that similar Al-Si-Mg-Cu alloys subjected to solution
treatments exhibited also grain coarsening, which contributes to the mechanical properties
deterioration. The T4 alloy exhibited a partial response to natural ageing and a consequent increase
in hardness, although the values remained lower than those of the AB and DA conditions. This
thermal treatment is typically employed for Al alloys containing copper, due to the formation of Cu-
rich strengthening phases. In fact, Al-Si-Cu-Mg alloys are known to develop hardening precipitates
after solution treatment even without additional thermal input during ageing, due to their significant
Cu content [83]. Moreover, Mg contents up to 0.7 wt.% are reported to sensibly accelerate the
precipitation kinetics of such phases in these alloys [96]. Conversely, Al-Si-Mg alloys do not respond
effectively to such heat treatments and require higher ageing temperatures for the precipitation of
strengthening phases. In fact, the T6 parameters adopted are specifically prescribed to enhance the
mechanical properties of the similar AC46000 cast alloy [78,81,97,98]. However, the A1Si9Cu3 alloy
in T6 condition showed an increase in hardness with respect to the S condition, but with significantly
lower hardness compared to AB, DA and T4 conditions, most likely due to an incomplete formation
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of the strengthening phases. This outcome indicates a different response of the LPBF alloy with
respect to the conventionally cast alloy, which is quite known for LPBF alloys.
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Figure 9 - Effect of different heat treatments on the hardness of AISi9Cu3 alloy.
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Corrosion behaviour assessment

Electrochemical tests on the AB condition revealed a substantially active behaviour just after the
exposure to the test solution. In fact, the Bode diagram (Figure 10a) exhibits two distinct and well-
defined phase constants, one at low frequencies and the other at high frequencies. A similar behaviour
in the EIS spectra was also observed in previous works on both Al-Si and Al-Cu alloys, where the
presence of such constants has been associated with the occurrence of localized corrosion [60,99].
The interpretation of the EIS spectra was performed by applying one of the most widely used
equivalent electrical circuits for processing the Bode diagrams of aluminium alloys, as shown in the
inset in Figure 10a [99]. This simplified model was chosen, as the EIS measurements were performed
after 1 hour of immersion, before localized corrosion could propagate significantly. The equivalent
circuit consists of three elements composed of resistances (R) and constant-phase elements (CPE).
R1 represents the electrolyte resistance, R2-CPE2 are related to the oxide film and to a high-frequency
response, while R3-CPE3 represent the corrosion processes, related to the low-frequency response.
The R3, related to the charge transfer resistance, provides information on the corrosion resistance, as
it is inversely proportional to the corrosion rate [100]. However, only minor differences were
observed among different heat treatment conditions, with comparable EIS spectra. The results of the
potentiodynamic polarization test (Figure 10b) further confirmed the active behaviour of the material
in the AB condition. According to Scully et al [101], the oxygen reduction process occurs
preferentially on the noblest intermetallic precipitates with lower overpotential for the oxygen
electrochemical reaction (OER). This led to the preferential dissolution of the adjacent matrix.
Furthermore, it has been well established that the cathodic phases driving the corrosion of the Al
matrix of Al-Si and Al-Cu alloys are the idiomorphic silicon crystals and copper-rich precipitates,
respectively. As demonstrated in Figure 4, the microstructure of the AlISi9Cu3 alloy in the AB
condition is characterized by a network of both Si and Cu-rich precipitates. Among these, the Al,Cu

phase is a much more efficient cathode than the idiomorphic Si crystals [53,101]. For this reason, the
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presence of copper in an Al-Si-Cu alloy, as observed in this study, proved to strongly accelerate the
onset of corrosion attacks, thereby decreasing corrosion resistance. This hypothesis was corroborated
by the lower low-frequency impedance modulus value (Table 3), if compared to an AlSi10Mg alloy,
which, under the same test conditions, exhibited an impedance modulus value of | Z | 0.01 Hz =839
+ 78 kQ-cm2 [60].
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Figure 10 - (a) EIS spectra with equivalent electrical circuit and (b) Potentiodynamic polarization curves of
AlSi9Cu3 alloy.

Table 3 - Fitting parameters and modulus at 0.01 Hz of AlSi9Cu3 alloy in different heat treatment conditions.

Condition Ri R: CPE2 n2 Rs CPE; n3 X2 | Z | 0.01 1
(Q-cm?)  (kQ-cm?) (uF-cm™) (kQ-cm?)  (uF-cm™) (kQ-cm?)

AB 3.8 16 5.1 0.90 26 107 0.88 2.5107 35

DA 4.1 20 5.6 0.90 16 127 094 8.1-10° 43

S 7.0 14 5.3 0.89 24 128 090 4.1-10° 37

T4 6.5 13 4.8 0.89 24 148 0.88  4.2:10° 36

T6 5.6 15 5.7 0.88 20 153 0.83 4.9-10° 32

The EIS spectra of the heat-treated specimens in Figure 6a showed a similar behaviour to the AB
condition. The fitting results and the impedance modulus values at low frequencies (Table 3) are close
to the one obtained for AB condition. Furthermore, the potentiodynamic polarization curves did not
exhibit any significant changes in the overall corrosion behaviour following the heat treatment, as
shown in Figure 10b. The R3 values obtained from the fitting of the EIS spectra show a trend,
depending on the heat treatment, similar to that identified by analysing the current density values
obtained from the potentiodynamic polarisation tests, Table 4. From the OCPs and current density
values Table 4, it is evident that all the specimens exhibited an active behaviour. The corrosion current
density was extrapolated from the Tafel plots of the PD polarization curves, with Tafel lines derived
from an overpotential greater than 100 mV with respect to the OCP value. The obtained data
confirmed a lack of significant change, thereby concluding that the heat treatments performed did not
modify the corrosion behaviour of the AISi9Cu3 alloy during potentiodynamic tests.
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Table 4 - Open circuit potentials, breakdown potentials and corrosion current densities of the tested specimens.

Condition OCP vs SCE (Eba vs SCE)? Teorr
(mV) (nA-cm?)

AB —511+7 7+3

DA —547+4 20+3

S —491 +£2 7+1

T4 —498 + 1 4+2

T6 =530+5 13+4

2 For active specimens the OCP was considered as breakdown potential.

In order to evaluate the long-term stability of the oxide film and the effect of high-temperature
heat treatments, EIS measurements were repeated every 3 hours up to 130 hours of immersion in a
less aggressive environment, 0.5 g/ NaCl + 41.18 g/L Na>SOs, due to the fully active behaviour
exhibited during the electrochemical tests reported in Figure 10. EIS curves corresponding to
significant changes in impedance response over time were selected for detailed analysis. The rationale
behind this approach is to focus on meaningful transitions in corrosion behaviour while avoiding
redundancy associated with analyse a large number of quasi-overlapping spectra. Due to a lack in
specimens’ availability, these tests were performed on AB conditions and after high-temperature heat
treatments. Figure 11show the modification of EIS curves over time. Shortly after immersion, both
AB and T4 specimens demonstrate a high impedance value at low frequency (|Z]| = 103 kQ - cm?),
related to a passive behaviour [64]. The bode-phase diagram is characterised by a wide peak in the
middle range, between 10> and 10! Hz. In T6 condition, the EIS response exhibited a markedly
different behaviour already after a few hours of immersion. The modulus of impedance at low
frequency was observed to be approximately one order of magnitude lower than AB and T4 condition
(Figure 12) and the bode-phase diagram exhibit a quasi-horizontal plateau in the low frequency range,
as illustrated in Figure 11e,f. The lower impedance modulus and the plateau in the low frequency
range can be related to an active behaviour from the first instance of immersion. Moreover, as stated
by Mousavi et al. [102], the occurrence of these features in the low frequency range can be related to
diffusion of corrosion phenomena, thus corroborating the occurrence of severe corrosion attacks on
the exposed surface from the first instant of immersion. After 5 h of immersion, for the T6 condition,
the impedance spectra were characterised by significant noise and poorly defined Bode-phase
diagram, preventing reliable analyses. This behaviour can be attributed to the rapid occurrence of
severe localised corrosion, leading to highly unstable electrochemical conditions. Consequently, this
finding was regarded as an inherent outcome, indicative of the poor corrosion resistance of the T6
condition. The behaviour changes over time for the AB and T4 specimens are quite similar, with
small differences related to the time at which they occur. For the AB specimens, after 57 h the broad
peak in the bode-phase diagram shift toward higher frequencies, accompanied by a decrease of the
low-frequency impedance modulus( Figure 12). This effect becomes more evident after 100 h of
immersion, when a quasi-horizontal phase plateau at approximately 30° - 40° appears in the low-
frequency range indicates the onset and subsequently growth of diffusion-controlled localised
corrosion processes [103]. T4 specimens exhibit the same behaviour but the decrease of impedance
modulus and the appearance of a quasi-horizontal plateau arise early, around 19 h of immersion
(Figure 11 and Figure 12). Thus, suggesting the decreased stability of the oxide film after T4 and T6
heat treatments.
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Figure 11 - Effect of exposure time on EIS bode diagram of (a,b) AB, (c,d) T4 and (e,f) T6 AlISi9Cu3
specimens.
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Figure 12 - Effect of exposure time on the impedance modulus at 0.01 Hz.

Figure 13 shows the corrosion morphology observed on the exposed surfaces of AB, T4 and T6
specimens. The effect of heat treatments on the oxide film stability is clearly evident. As illustrated
in Figure 13a,b, the melt pool macrostructure strongly affects the corrosion phenomenon, leading to
a selective attack along preferential path at the melt pool boundary and heat affected zone. These
regions correspond to areas characterised by coarser cellular structures, discontinuous Si-network and
enhanced chemical heterogeneity. In AB condition the attacks follow the melt pool macrostructure,
indicating a microstructure-controlled corrosion mechanism rather than a purely random pitting
phenomenon. For heat-treated conditions, corrosion morphologies evolve towards more extended and
penetrating attacks, assuming a large pit morphology, as illustrated in Figure 13,c,e. In both
conditions, the corrosion attacks seem to be driven by the selective dissolution of a-Al matrix near
the Si-rich and Cu-rich precipitates, due to their different nobility [53]. The artificial ageing treatment
performed subsequent to the solubilisation treatment in T6 specimens stimulate the precipitation of
Cu- and Si rich second phases within the Al matrix, affecting the stability of the oxide film and thus
reducing the corrosion performance, as highlighted by the long-term EIS tests. The presence of thick
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corrosion products within the corroded regions provides direct explanation of the diffusion-
controlled response detected in the EIS curves for T4 and mainly for T6 (Figure 13f). The
accumulation of corrosion products within deep and confined attack sites hinders ionic transport,
giving rise to a diffusion-limited electrochemical behaviour that becomes increasingly dominant with
immersion time [102].
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Figure 13 — Low- and high-magnification FESEM images with relative EDS maps of corrosion attacks on (a,b)
AB, (c,d) T4 and (e,f) T6 specimens.

Intergranular corrosion tests were conducted to assess the intergranular susceptibility of AISi9Cu3
alloy, in AB condition as well as after different heat treatments. AB specimens showed a
predisposition to selective corrosion, with well-defined preferential corrosion paths. Indeed, Figure
14a shows several corrosion attacks distributed over the entire exposed surface. The melt pool
macrostructure and in particular the MPB affected significantly the selective corrosion behaviour,
which assumes an inter-melt pool morphology. When dealing with LPBF specimens, such corrosion
morphology is typical for AB condition. For instance, Lorenzi et al [60] highlighted that in the case
of an alloy belonging to the 2xxx series, the boundary of the melt pool has a microstructure with
coarser Al,Cu precipitates that exhibits a preferential corrosion path due to galvanic coupling between
Cu and a-Al matrix. Dealing with AB LPBF Al-Si alloys, Revilla et al [61] stated that the corrosion
starts in the MPB, with higher Volta potential difference, and then continue through the HAZ due to

the discontinuities of the Si network. For AB AlSi9Cu3, the corrosion path was more similar to the
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latter one observed in Al-Si alloy, with relevant differences between MPB and HAZ and the corrosion
path evidently following the HAZ area and then progressing in the MPF below (Figure 14b,c).
Furthermore, the EDS map in Figure 14d highlights a noticeable amount of residual Al,Cu along the
corrosion attack, suggesting that the galvanic coupling between nobler Cu-rich phases and a-Al
matrix could be the main driving force for the corrosion phenomena.

Figure 14 - (a) Morphology of the selective attack at the edge of the specimens, (b,c) relative propagation and
(d) inset of the corroded area with EDS maps of the corrosion products in the AB AlSi9Cu3 alloy.

Despite the microstructural modification induced by the heat treatments did not affect the global
corrosion behaviour of AlSi9Cu3 alloy, dramatically increase in the susceptibility to selective
corrosion was assessed after intergranular corrosion tests (Table 5).

Table 5 - Results of the susceptibility to intergranular corrosion test on the AlSi9Cu3 alloy in AB and heat-
treated conditions.

Condition Exposed surface Mass loss Average Average depth Maximum Attack linear

(cm?) (mg) corrosion rate (pm) depth density
(mg-dm-day™) (um) (mm™)

AB 5.59 133+45 2373 +£787 204 + 133 1332 9.3

DA 5.56 289+ 13 5198 +247 261 + 87 765 8.2

S 5.36 3£1 49 £ 4 -l -l -l

T4 5.60 10+2 187 £26 -1 -1 -1

T6 5.40 297 + 17 5498 + 46 170 + 115 1038 6.5

1 — Not reported due to different corrosion morphology highlighted.
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Figure 15 - (a) Box plots of intergranular corrosion attack depth for AISi9Cu3 specimens in the as-built (AB)
condition and after different heat treatments (DA, S, T4 and T6). (b) One-way ANOVA statistical analysis.

The AlISi9Cu3 DA specimens were still characterized by a selective corrosion attack with an inter
melt pool morphology, as observed in AB specimens. The investigation of the selective attack paths
in the cross-sections of the DA specimens showed an even more severe attack with respect to the as-
printed condition (Figure 16a,b). Furthermore, the attack resulted in melt pool dropping morphology
- in analogy to the well-known grain dropping morphology of some wrought alloys susceptible to
IGC. This mechanism led to mass loss of the specimens, leading to very high overall corrosion rates
(Table 5). The EDS maps of the corrosion products showed a relevant amount of Cu, Si and O at the
corroded area (Figure 16c¢), thus confirming the preferential dissolution of the a-Al matrix during the
attack propagation. The statistical analysis reported in Figure 15 confirmed significant differences in
corrosion attack depth between the AB and DA conditions, highlighting the pronounced influence of
heat treatment on the corrosion behaviour of the alloy. The distribution of attack depth for each
condition is summarised using box plots. The lower and upper edges of each box represent the first
(Q1) and third quartiles (Q3), respectively, and the horizontal line inside the box indicates the median,
while the cross symbol denotes the mean value. The whiskers extend to the most extreme data points
that are not classified as outliers, whereas data points that lie beyond 1.5 times the interquartile range
from the quartiles are plotted individually and are considered outliers. For the conditions defined as
AB, DA, S, T4 and T6, the number of individual measurements included in the statistical analysis
was 820, 629, 19, 220 and 356, respectively.
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Figure 16 - (a,b) Morphology of the selective corrosion attack and (c) higher magnification of the corroded
area with EDS maps of the corrosion products in the DA AlSi9Cu3 alloy.

The high-temperature heat treatments S and T4 resulted in a major variation in both selective
corrosion susceptibility and attack morphology (Figure 17). After solutioning, the S AISi9Cu3 alloy
still exhibited a selective attack between Al matrix and Si/Cu precipitates, but the corrosion
propagation no longer followed a preferential path (Figure 17a), being general due to the dismantling
of the peculiar melt pool and network features. In the case of T4 specimens, localized attack was
observed (Figure 17c). The statistical analysis reported in Figure 15 confirmed significant differences
in the corrosion behaviour of the tested specimens, further highlighting the pronounced effect of heat
treatment. On the other hand, the T6 heat treatment resulted in a completely different corrosion
morphology (Figure 17¢). The corrosion attacks in this case assume an intergranular morphology,
similar to that observed in traditional aluminium alloys. It is evident that, across all examined
conditions, the corrosion mechanism remains driven by the galvanic coupling between the Al matrix
and Cu-rich and Si-rich particles. This assumption is further corroborated by the results of the EDS
analysis performed in a corroded zone, which revealed a significant amount of Si and Cu within the
corrosion products (Figure 17b,d,f). Moreover, the improvement of the corrosion resistance after S
and T4 heat treatments is testified by the reduction of the corrosion rate (Vcorr) reported in Table 5.
The T6 heat treatment resulted in the formation of coarser precipitates rich in Si and Cu, as shown in
Figure 7h, in comparison to S and T4 heat treatments. This microstructure led to an increase in
intergranular susceptibility, as evidenced by corrosion rate and mass loss reported in Table 5.
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Figure 17 - Morphologies of the selective attack and related EDS maps of the (a,b) S, (¢c,d) T4 and (e,f) T6
AlSi9Cu3 specimens, respectively, after the intergranular corrosion tests.

In order to corroborate the impact of Cu-rich phases on the selective corrosion mechanism, a
SKPFM analysis was performed on AB and heat-treated specimens. This technique led to the
evaluation of Volta potential differences between the a-Al matrix and the Si and Cu-rich network.
The measurement of Volta potential provides an assessment of the nobility of each particle with
respect to the surrounding matrix, an essential information for understanding their role in the galvanic
interactions that control the corrosion mechanism [104]. Starting from the AB condition, a
comparison of the FESEM (Figure 18a) and SKPFM (Figure 18b) images reveals that the
microstructural differences observed in the MPC, MPB and HAZ led to distinct Volta potential
values. In the MPB, the presence of coarser Si- and Cu-rich network resulted in a more pronounced
Volta potential difference between the Al matrix and the secondary phases. Conversely, the much
finer network in the MPC led to a less evident Volta potential difference. The HAZ exhibited the
lowest Volta potential in comparison to the adjacent areas, suggesting a lower concentration of
precipitates within the HAZ, as demonstrated in Figure 18.
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Figure 18 - (a) FESEM micrograph and (b) relative Volta potential map obtained with SKPFM technique in
AB alloy AlISi9Cu3. Scan size: 80 x 60 pm?. Colour bar: 800 mV range.

To evaluate the corrosion mechanism, a more detailed SKPFM analysis was performed across the
MPB and HAZ zones (Figure 19). The Volta potential linescan in Figure 19b,d revealed a
significantly higher Volta potential difference at the MPB-HAZ interface (593 mV) if compared to
the values measured within the MPB (408 mV) and the MPC (316 mV). This indicates that the
precipitates distributed at the MPB-HAZ interface induce a strong galvanic coupling with the adjacent
Al matrix, creating a preferential path for corrosion phenomena, as assessed after IGC tests. Figure
19c,e shows further results from a SKPFM analysis carried out in the same area but with a wider
averaged linescan, to better characterize the MPB, MPC and HAZ macro-zones. The average linescan
confirms the results obtained with local potential linescan, furthermore showing that there is also a
noticeable global difference in Volta potential between HAZ and MPB/MPC, in addition to the
aforementioned local differences. This increase can be ascribed to a more efficient cathodic effect
triggered by the higher concentration of Si and Cu-rich phases at the HAZ interface. Moreover, the
averaged linescan showed that the MPB has two distinct zones characterized by different Volta
potential values. The inner zone of the MPB has lower potential values with respect to the outermost
zone. The EDS analysis reported in Figure 4, carried out across the MPB and the HAZ, revealed that
MPB has a higher concentration of Cu than Si.
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Figure 19 - (a) FESEM micrograph and (b,c) relative Volta potential map with (d) Volta potential local line
scan and (e) average Volta potential line scan in AB alloy AlISi9Cu3. Scan size: 20 x 20 pum?. Colour bar: 800
mV range.

The DA heat treatment does not affect the melt pool macrostructure in the AB specimens due to
the relatively low heat treatment temperature. The SKPFM analysis (Figure 20b) revealed a less
pronounced Volta potential difference between HAZ and MPC, attributable to the different second
phases distribution. MPB and HAZ regions did not exhibit significantly higher Volta potential
difference between the a-Al matrix and Si- and Cu-rich phases than the MPC (Figure 21b,d).
However, further analysis averaged over a larger area showed that the HAZ has a lower average Volta
potential value than the MPB and MPC (Figure 21c,e), similarly to the AB material.
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Figure 20 - (a) FESEM micrograph and (b) relative Volta potential map obtained with SKPFM technique on
DA alloy AlSi9Cu3. Scan size: 80 x 60 um?. Colour bar: 800 mV range.
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Figure 21 - (a) FESEM micrograph and (b,c) relative Volta potential map with (d) Volta potential local line
scan and (e) average Volta potential line scan in DA alloy AISi9Cu3. Scan size: 30 x 30 um?. Colour bar: 800
mV range.

The SKPFM analysis of the S AISi9Cu3 alloy (Figure 22a,d) showed that the dissolution of
secondary phases at elevated temperatures results in a homogeneous matrix with a strongly reduced
Volta potential difference (238 mV). SKPFM analysis on T4 specimens highlighted a higher Volta
potential in correspondence of Cu-rich particles with respect to the Volta potential of Si-rich particles,
despite the coarser size (Figure 22a,d). The difference in terms of Volta potential between Cu-rich
phases and Al matrix (490 mV) is similar to AB condition. The artificial ageing process involved in
T6 heat treatment promotes the precipitation of Cu- and Si-rich particles, thereby increasing their
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Volta potential difference (476 mV) respect to the Al matrix (Figure 22c,f). This heat treatment also
leads to the formation of smaller and more dispersed precipitates within the matrix.
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Figure 22 - Volta potential maps and linescans crossing large and small Si- and Cu- rich particles in (a,d) S,
(b,e) T4 and (c,f) T6 AlSi9Cu3 alloy, respectively. Scan size: 20 x 20 pm?. Colour bar: 800 mV range.

Corrosion mechanism

The obtained results revealed a pronounced cathodic effect of Cu-rich precipitates in the
AlSi9Cu3 alloy, in comparison to Si-rich phases. This is due to the fact that AloCu is a nobler
intermetallic precipitate respect to idiomorphic Si crystals being a more efficient cathode for the
corrosion process [53,101]. This enhances the preferential dissolution of the adjacent Al matrix, as
the cathodic phases drive localized corrosion. The presence of Cu in an Al-Si alloy, as observed in
this study, has been demonstrated to accelerate the onset of corrosion, consequently reducing the
corrosion resistance of the material. The intensified cathodic activity near Cu-rich precipitates leads
to alkalinization, resulting in the degradation of the passive film. Once the passive layer is broken,
the corrosion propagates leaving behind corrosion products characterised by the presence of Si- and
Cu-rich precipitates. The tests and analysis conducted in this work highlighted a strong influence of
microstructure and precipitate distribution on the oxide film stability and on selective corrosion
behaviour of the AISi9Cu3 alloy produced via LPBF. At the micro level, the preferential dissolution
of alpha-Al matrix was driven by micro-galvanic coupling with nobler Si- and Cu-rich intermetallics.
Such mechanism resembles that of conventionally cast A1Si9Cu3 alloy [79,80]. At the macroscopic
scale, the selective corrosion path was primary linked with microstructural and, mainly,
compositional inhomogeneities among MPC, MPB, and HAZ (Figure 23a), consistently with
corrosion mechanisms reported for other LPBF-processed Al-Si alloys [105]. These differences are
evident also from the Volta potential point of view, with the MPB that exhibited an average Volta
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potential significantly higher respect to the adjacent HAZ. This results, in conjunction with the
outcomes in Figure 14d and Figure 18, demonstrates that the high concentration of Cu-rich phases at
the interface with the HAZ and their strong galvanic coupling with the Al matrix are the driving forces
for the selective corrosion phenomena, creating a preferential path along the HAZ, as illustrated in
Figure 23b,c,d.

A low-temperature heat treatment, such as DA, has been shown to preserve the melt pool structure
while promoting the precipitation of extremely fine Cu- and Si-rich phases. The SKPFM analysis
reveals a less pronounced Volta potential difference between HAZ, MPB and MPC. However, the
melt pool macrostructure contributes to the maintenance of an inter-melt corrosion morphology. As
demonstrated in Figure 6, the observed difference in Cu concentration in this region and its galvanic
coupling with the surrounding Al matrix act as the main driving force for the corrosion phenomena.
Although the corrosion mechanism remains similar to that observed in the AB specimens, the greater
amount of Cu- and Si-rich second phases distributed within the MPC promotes a more severe
corrosion attack, as highlighted in Figure 16a and indicated by the weight losses and corrosion rates,
Table 5. Rubben et al. [105] reported that the precipitation of secondary phases and the partial
breakdown of the eutectic network following a T5 treatment, such as that applied to the AlSi9Cu3
alloy, resulted in a deterioration of the alloy’s corrosion performance. The depletion of alloying
elements within the Al matrix, combined with the enhanced precipitation of secondary phases acting
as micro-galvanic cells [106], led to a poorer corrosion resistance compared with the AB condition,
as demonstrated in the Figure 16 and Table 5.

The microstructural modifications induced by the T4 and S heat treatment are similar, with the
material undergoing dissolution and redistribution of Si- and Cu-rich phases. The homogeneous
distribution of these phases within the matrix leads to a more uniform and less penetrating selective
attack. The absence of natural ageing after quenching, as occurs in S heat treatment, results in a higher
amount of Cu remaining in solution without forming strengthening precipitates. The absence of Cu-
rich precipitates, which are known to be highly active, leads to a significant improvement in corrosion
resistance.

The T6 heat treatment, with an artificial ageing step, has been shown to stimulate the precipitation
of smaller and more dispersed second phases that are rich in Si and Cu. This enhances the galvanic
effect and increases the intergranular corrosion susceptibility.
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Figure 23 - Schematic representation of the selective corrosion mechanism in as-built (AB) AlSi9Cu3 alloy.
The aluminium phase is represented with grey, the Si-rich precipitates with blue and the Cu-rich phases with
orange. (a) the microstructure is characterised by the presence of a heat-affected zone (HAZ) along the melt
pool boundary (MPB). (b) The corrosion attack starts at the MPB-HAZ interface, (c,d) creating a preferential
path for corrosion phenomena.

2.4 Effect of alloying elements on corrosion behaviour

Mechanical and corrosion properties of metallic materials are governed by the interplay between
chemical composition and manufacturing route, through their combined effect on microstructure and
second-phase distribution. Additive manufacturing, and in particular LPBF, represents an extreme
application of this concept, given that the layer-by-layer processing, the presence of steep thermal
gradient and the occurrence of very high solidification rate give rise to microstructures that are far
from equilibrium and exhibit a strong dependency on alloy chemistry and process parameters [107].

In the context of LPBF aluminium alloys, it has been observed that cooling rates of up to
approximately 10° — 107 K/s can significantly extend the solubility of alloying elements within the a-
Al matrix [61]. This phenomenon results in a substantial supersaturation, characterised by the
presence of solute contents that can exceed the equilibrium solubility limit within the solid solution.
As reported by Martucci et al. [82], LPBF processing can produces supersaturated aluminium matrix
with lattice parameters deviating from near-equilibrium conditions due to excess Cu and Si trapped
in solid solution, with a delay in the formation of AlLCu and Q-type phases. This supersaturation state,
in conjunction with the non-equilibrium solidification path is demonstrated to be a key factor in the
nucleation of metastable phases and the formation of unique spatial distribution of precipitates, such
as Si- and Cu-rich intermetallics, on a scale comparable to that of the mel pool [107]. As well-known,
the three-dimensional Si-rich network in AISi10Mg and its heterogeneities distribution directly affect
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corrosion initiation and propagation [54]. In Al-Si-Cu alloys with elevated Cu content, as previously
discussed, LPBF process facilitates the formation of supersaturated solid solution and finely dispersed
AL Cu precipitates within the eutectic network in configuration that are not achievable under
conventional casting condition. This LPBF-induced microstructure enable aluminium alloys with
significantly enhanced strength, due to the combined effect of solid solution strengthening and
nanoscale precipitation. When coupled with the intrinsically low density of Al, this results in an
excellent strength-to-weight ratio, making this material highly attractive for advanced lightweight
applications. However, this raises important issues regarding the influence of non-equilibrium
microstructures and solute distributions on the corrosion behaviour of these alloys.

In this study, the effect of alloying elements on corrosion behaviour was assessed by comparing
three LPBF alloys with increasing Cu content and decreasing Si contribution to the eutectic network:
AlSi10Mg, AlSi9Cu3 and AM2139. The chemical compositions of these three alloys are reported in
Table 6 .

Table 6 - Chemical composition (wt.%) of the feedstock powder of AlSi10Mg, AISi9Cu3 and AM2139 alloys.

Element (wt%) Al Cu Mg Ag Mn Fe Si Ti Zn
AlSi10Mg bal. <0.05 0.35 - <0.45 <0.55 10 <0.15 -
AlSi9Cu3 bal. 3.0 0.29 - 0.21 0.91 9.3 - 0.81
AM2139 bal. 5 0.5 0.5 0.5 <0.15 <0.10 <0.15 -

AlSi10Mg was selected as a reference Al-Si-Mg alloy characterised by good mechanical
properties and corrosion resistance [108]. AISi9Cu3 represent an intermediate condition where the
Al-Si cellular framework is enriched by Al,Cu precipitates, leading to good LPBF processability and
enhanced mechanical properties respect to Al-Si-Mg alloy [73]. AM2139 is an Al-Cu-Mg-Ag alloy
that is strengthened by Al,Cu precipitates [109].

2.4.1 Microstructural differences

Numerous studies [44,51,66,86,110—112] have documented that the microstructure of Al1Sil0Mg
is characterised by an o-Al cellular matrix surrounded by a Si-rich network, which becomes
progressively coarser near the MPB (Figure 24a,b). Along the heat-affected zone, the network appears
more discontinuous, and idiomorphic Si crystals are observed. This is in relation to the partial
recrystallisation induced by the heat input of the laser scans in the adjacent areas. As demonstrated in
Figure 24c, AIS19Cu3 exhibits a microstructure that is closely comparable to that of AISi10Mg, but
with slightly more discontinuous MPB and HAZ. The addition of copper has been shown to result in
the formation of fine, dispersed Al>Cu precipitates, with a higher concentration observed at the
interface between the melt pool border and the heat-affected zone (Figure 24d) [82]. In contrast, the
AM?2139 alloy exhibited a distinct microstructure, characterised by the presence of a-Al cells
surrounded by a discontinuous layer of Al,Cu [60]. This layer exhibited increased coarseness along
the MPB, as illustrated in Figures 24e, f, and no discernible heat-affected zone was observed in this
alloy.

From a microstructural perspective, the progressive addition of Cu and the simultaneous reduction
of Si result in a substantial difference in the ability to form a continuous network around the
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aluminium grains. The underlying causes of this phenomenon can be ascribed to the thermodynamics
of solidification and the kinetics and stability of the phases present. From a thermodynamic
perspective, within an AISi10Mg alloy, the Al-Si system, close to the eutectic composition, produces
substantial quantities of liquid with a eutectic composition. This liquid subsequently solidifies at a
later stage than the a-Al matrix, effectively surrounding the cells and establishing the continuous
network that is characteristic of this alloy [113]. The gradual addition of copper has been shown to
reduce the continuity of this network, since the Cu-rich precipitates have growth and coarsening
kinetics that make the continuous lattice morphology unstable under the repeated thermal cycles of
the LPBF process [38,114]. In Al-Si alloys, a similar phenomenon of network disruption occurs only
at higher temperatures, making the continuous network formed during rapid cooling relatively stable
in the as-built condition [88].
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Figure 24 — High-magnification FESEM images of melt pool macrostructure and second phase morphology in
the as-built condition of (a,b) AlSi10Mg [54], (c,d) AlSi9Cu3 and (e,f) AM2139 [60].
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2.4.2 Mechanical performance

In as-built condition, these LPBF alloys demonstrate elevated yield and tensile strengths, resulting
from rapid solidification, the presence of fine cellular structures, and strong supersaturated solid
solution. However, these alloys exhibit divergent strength-ductility balances. AISi10Mg exhibits a
yield strength of approximately 240-270 MPa and an ultimate tensile strength of approximately 400-
450 MPa, with elongations of approximately 4-10 % [88,115-117]. The fine grains structure and
silicon network provide solution and dispersion hardening, while still allowing favourable plastic
strain deformation. In the AlSi9Cu3 alloy, the presence of finely dispersed Cu- and Fe-containing
intermetallics enhance the mechanical properties, achieving yield strength and ultimate tensile
strength to approximately 240-270 MPa and 440-460 MPa respectively, but reduce elongation to
approximately 3-6 % due to a strain localization effect by hard particles and along melt-pool edges
[71,118-120]. AM2139 thanks to extremely fine a-Al cells combined with Cu-rich precipitates and
a highly supersaturated matrix exhibit the higher mechanical properties between these alloys, with a
yield strength of approximately 260-330 MPa, an ultimate tensile strength around 420-480 MPa and
4-8 % of elongation at break [22,121].

The progressive addition of copper and reduction of silicon content is indicative of a systematic
enhancement in mechanical performance.

2.4.3 Corrosion behaviour

As demonstrated in the previous chapter, the corrosion behaviour of AISi9Cu3 is strictly related
to its microstructural features. This result has also been demonstrated by other authors for AlSi10Mg
and AM2139 [60,64,105]. As illustrated in Table 7, a series of electrochemical corrosion indicators
were evaluated for AB condition during an electrochemical test in a solution containing 1 g/L of NaCl
and 41.18 g/L of Na>2SO4. AlSi10Mg demonstrates optimal corrosion resistance, as evidenced by its
high impedance modulus at low frequencies and reduced current density, indicating the stability of
the oxide layer. In contrast, AM2139 and AlSi9Cu3 exhibit diminished corrosion resistance,
exhibiting a current density that is two orders of magnitude higher than that of AlSi10Mg.

Table 7 - Open circuit potentials, breakdown potentials, corrosion current densities and low frequencies
modulus of AlSi10Mg, AlSi9Cu3 and AM2139 in AB condition.

Alloy OCP vs SCE Ebd vs SCE Leorr |Z|0.01 1z Reference
(mV) (mV) (uA-cm?) (KQ:cm?)

AlSil0Mg -670+£22 +225+92 0.062 + 0.008 839 +78 [60]

AlSi9Cu3 -511+7 -511+7 7.036 +2.765 35 +4 -

AM2139 -591+15 -591+15 6311 +£2.813 29 £ 9 [60]

The present analysis provides further evidence to support the hypothesis that the presence of Si-
and Cu-rich second phases within the microstructure promotes strong alkalinisation in the areas
adjacent to the precipitates. This, in turn, has the effect of destabilising the passive film [101].
Furthermore, an increase in the copper content results in a reduction in the stability of the oxide film,
attributable to the higher nobility of Cu-rich precipitates in comparison with silicon.
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In order to provide further clarification regarding the role of copper in the corrosion behaviour of
these alloys, it is necessary to investigate their selective corrosion response. It is widely
acknowledged that microstructural heterogeneities, which are intrinsic to LPBF-processed aluminium
alloys, play a pivotal role in the control of corrosion phenomena in these materials [61].

A comparison of the intergranular corrosion test results reveals that all three alloys exhibit an
inter-melt pool morphology, driven by the galvanic coupling between the a-Al matrix and the Si- and
Cu-rich precipitates. In all cases considered, corrosion propagates along regions where the local
microstructural conditions are most detrimental. For AIS110Mg and AISi9Cu3, the attack occurs in
the heat-affected zone (Figure 25), where the silicon network is more discontinuous. In contrast, for
AM2139, as reported by other authors [60], the attack preferentially advances along the melt pool
boundary, where the Al,Cu precipitates are coarser.
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Figure 25 — (a,c,e) Morphology of the selective attack at the edge of the specimens and (b,d,f) relative
propagation in the AlSi10Mg [60], AISi9Cu3 and AM2139 [60] alloys, respectively.

The IGC results reported in Table 8 demonstrate three distinct behaviours in terms of severity and
selectivity of the corrosion attacks. The A1Si10Mg alloy exhibits the lowest susceptibility to selective
corrosion, as evidenced by its minimal mass loss and corrosion rate. However, it undergoes profound
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selective attacks. AIS19Cu3 displays an intermediate behaviour, with a significantly higher corrosion
rate and extremely penetrating selective attacks, associated with the presence of Cu-rich phases that
promote preferential dissolution along the MPB. The AM2139 alloy demonstrates the highest
susceptibility, but with less penetrating attacks than those observed in the other alloys.

Table 8 - Results of the susceptibility to intergranular corrosion test on the AlSi10Mg, AISi9Cu3 and AM2139
alloys in AB condition.

Alloy Mass loss Veorr Average depth Maximum depth  Reference
(mg) (mg-dm>-day™) (nm) (nm)

AlSil0Mg 29+ 14 525 +261 539+ 271 899 [60]

AlSi9Cu3 133 £45 2373 + 787 204 +£133 1332 -

AM2139 240 £ 50 4220 + 789 248 + 88 641 [60]

A comparison of the FESEM images (Figure 26a,c,e) and SKPFM maps (Figure 26b,d,f) acquired
at the MPBs confirms that, for all three alloys, the corrosion mechanism is governed by the cathodic
effect of second phases dispersed in the aluminium matrix. In addition, the macro-galvanic coupling
among MPB, HAZ and MPC defines a preferential path for corrosion propagation. This effect is
further enhanced as the copper content in the alloy increases.
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Figure 26 — (a,c,e) FESEM micrograph and (b,d,f) relative Volta potential map with Volta potential local line
scan (black line) and average Volta potential line scan (red line) in AlSilOMg, AISi9Cu3 and AM2139,
respectively. Scan size: 30 x 30 um?. Colour bar: 800 mV range.

In the case of the AlISi10Mg alloy, the presence of a continuous silicon network in both the melt
pool centre and the melt pool boundary hinders the propagation of corrosion towards these regions,
which is therefore stimulated along the HAZ where the Si network is more discontinuous. The
addition of copper, as previously discussed, results in a preferential build-up of coarse Cu-rich
precipitates along the MPB/HAZ interface. As illustrated in Figure 25c¢,d, the microstructure of the
specimen, which still resembles that of AISi10Mg, exhibits an accelerated corrosion rate along the
HAZ. This phenomenon can be attributed to the augmented galvanic coupling that occurs within the
microstructure, resulting in a more pronounced driving force for the corrosion phenomena. A further
increase in copper content, when combined with a reduction in silicon content, produces a profound
modification of the microstructure, resulting in a much more discontinuous network in both the MPC
and MPB. This, in conjunction with the presence of Cu-rich precipitates that function as more
efficient cathodes in comparison to Si, promotes a more aggressive yet more diffuse selective
corrosion within the material, which becomes less penetrating. The present comparative analysis
demonstrates that alloying elements play a dominant role in defining corrosion mechanisms in LPBF
aluminium alloys, not only through their intrinsic electrochemical behaviour, but also by shaping the
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AM-specific microstructural heterogeneities that govern both local and macro-galvanic coupling
between the microstructural features present in these alloys.

While silicon-rich networks can locally hinder corrosion propagation, their protective role
becomes ineffective when combined with copper-rich precipitates exhibiting higher cathodic
efficiency. In LPBF alloys, this effect is amplified by the inherent melt-pool-driven microstructural
heterogeneity, which promotes both local and macro-galvanic coupling. As a result, increasing copper
content leads to more aggressive corrosion mechanisms, whose severity and morphology are dictated
by the interplay between alloy chemistry and AM-specific microstructural features.
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3 Lattice structures

3.1 Introduction

In recent years there has been a marked increase in demand for engineering materials that are
lighter and more sustainable. This demand has been driven by significant progress in fields such as
aerospace, automotive, biomedical and robotics [122,123]. In order to satisfy these needs, it has
become crucial to reconsider the traditional structural components. The development of advanced
additive manufacturing techniques has unveiled new pathways for the study of complex and highly
optimised structures, unfeasible with traditional processes [124]. These structures, known as lattice
structures (LS), are defined as objects with a porous arrangement created by organising unit cells in
three dimensions [125]. The implementation of these structures in design facilitates the optimisation
of mechanical properties while minimising the weight, thanks to their high strength-to-weight ratio,
and emerges extremely useful when considering product life cycles. The LS allow for a reduction in
material wastage and energy consumption during manufacturing [20]. The advantages of lattice
structures are exploited in a variety of industries. In the biomedical sector, LS have been demonstrated
to be useful for the characterisation and production of optimised scaffolds for tissue and bone
replacement, with a focus on promoting osseointegration [126,127]. The aerospace industry has
implemented the use of lattice components to enhance the performance and reduce the weight of
parts, whilst at the same time reducing fuel consumption and environmental footprint [128,129]. The
employment of lattice structures within the automotive industry has been demonstrated to have
numerous advantages, including reduced noise conduction, enhanced weight reduction and easier
recycling of automotive parts [130].

Typically, lattice structures can be divided into two distinct architectural types based on their
topology: stochastic or periodic.

Periodic lattice structures are characterised by a periodic arrangement of a specific shape, called
unit cell, composed of a group of struts interconnected with each other in points called nodes. The
most common periodic lattice structures employ unit cells such as body-centered cubic (BCC), face-
centered cubic (FCC) and diamond lattices [131]. The number of struts and nodes are pivotal factors
in predicting the mechanical properties of this particular lattice structure, due to their marked impact
on the degree of connectivity and freedom of the unit cell. The mechanical behaviour of these lattice
structures could be evaluated preliminarily through the Maxwell criterion [132]:

M=s-3n+6 4.1)

Where M is the Maxwell number, s is the number of struts and # is the number of nodes inside the
unit cell.

If M <0, the lattice structure is under-stiff. The number of struts is insufficient to equilibrate the
bending moment at nodes, leading to bending stresses on the struts. Therefore, the lattice structure
experience a bending-dominated behaviour, characterised by low strength [133]. If M > 0, the
structure has a sufficient number of struts to equilibrate the external forces and the struts experience
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only axial stresses. In this case the just-stiff (M = 0) or the over-stiff (M > 0) lattice structure exhibits
a stretch-dominated behaviour with high structural efficiency [134].

Based on these assumptions, stretch-dominated unit cells are suitable configurations for the design
of lightweight structures, where high specific stiffness and strength are required. Conversely,
bending-dominated structures are more fitting for applications that require high energy absorption,
where the deformation of the structure represents the first priority.

Stochastic lattice structures use a distribution of points that are generated algorithmically with no
hidden planes of high stiffness [135]. As stated by Munford et al. [136], the implementation of this
approach is especially well-suited for components with irregular geometry and curved surfaces. These
randomised structures, due to their nature, cannot be recreated or predicted precisely, which
introduces additional complexity in the design and in the assessment of their mechanical properties
[137]. Kechagias et al. [138] introduced an approach based on the nodal connectivity, defined as the
number of struts connected to a node, to describe the stochastic lattice structure’s mechanical
behaviour and performance. This method has been found to be reliable in predicting bending- or
stretch-dominated behaviour for stochastic lattice structures with porosity greater than 60%.

The Maxwell criterion is a theoretical framework that characterises the mechanical behaviours of
a single unit cell at a micro-scale level. However, the overall behaviour of the lattice structures is
strictly linked to the connections between multiple unit cells, requiring the evaluation of mechanical
properties at a macro-scale level. The introduction of lattice structures in industrial applications has
given rise to a lack of standardisation with regard to the testing of such structures. For instance, the
ISO 13314:2011 standardises the compressive test for porous and cellular materials with a porosity
of 50% or more. Nevertheless, the standard can be employed as a guideline for compression testing
on lattice structures, with porosity lower than 50%, in order to evaluate the mechanical behaviour at
the macro-scale level. As demonstrated in Figure 27, under quasi-static compression test conditions,
the lattice structure exhibits three distinct phases. The initial phase is distinguished by a linear elastic
region where the structure exerts resistance to the applied load, characterised by an elastic modulus
that is associated with the topology and the relative density of the lattice structure. The onset of the
second phase, otherwise referred to as the plateau regime, is characterised by the yielding of the struts
due to bending or stretching. In this phase, the cells begin to undergo a progressive collapse as a result
of the reduction in load-bearing capacity. At this stage, the presence of preferential failure bands
within the lattice structure becomes discernible, as illustrated in Figure 27. The third phase is
characterised by the densification phenomenon, which is related to the complete collapse of the
structure. The different mechanical behaviours predicted by Maxwell criterion at the micro-scale level
appear also at the macro-scale level. As demonstrated in Figure 27, the stress-strain curves of a
stretch-dominated lattice exhibit higher stiffness and yield strength compared to a bending-dominated
lattice with equivalent density. The most significant differences can be identified in the plateau
regime. Structures dominated by stretch exhibit a plateau consisting of peaks and valleys, a
consequence of progressive failure of layers. In contrast, yielding of bending-dominated structures is
driven by the plasticisation of the struts at nodal locations. In this phase, the specimen demonstrates
a compression at an approximately constant load [139].
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Figure 27 - Compressive stress-strain curves for bending- and stretching-dominated lattice structures with
same relative density; (1) linear-elastic region, (2) plateau regime and (3) densification [140]

Despite the numerous contributions to understanding and predicting the mechanical behaviour of
lattice structures present in the scientific literature, the most significant contribution comes from the
work of Gibson and Ashby. The so-called Gibson-Ashby model represents the base model for
analysing the mechanical behaviour of lattice structures based on their topology and porosity. This
relationship is based on Euler-Bernoulli beam theory and can be applied to elastic modulus (£) and
yield strength (o) of the lattice structures:

F_¢ (p )n (4.2)
Es 7 \pg '
0. m

2 =, (ﬁ) (4.3)
Oys Ps

where Ej and gy, are the elastic modulus and yield strength of the base material, C/ and C2 are
constants related to the specific unit cell fitted to experimental data. The value of » and m is related

to the mechanical behaviour of the lattice structure, in particular, n = m = 1 in an ideal stretch-
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dominated behaviour and n = 2; m = 3/2 in an ideal bending-dominated behaviour [141]. Benedetti
et al. [141] analysed a collection of experimental data published in literature for several unit-cell
architectures and materials. This analysis demonstrated a correlation between the trend of the data
and the Gibson-Ashby model in predicting the mechanical behaviour, as demonstrated in Figure 28.
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Figure 28 - (a) Relative quasi static elastic gradient and relative yield strength (b)as a function of relative
density for different type of cellular lattice structures [141].

The design of lattice structures is characterised by a dual challenge, the description of microscale
behaviour in order to infer the macroscale behaviour. Researchers generally implement finite element
models to assess the response of the structure to load conditions. This approach provides a precise
characterisation of the interactions between struts and nodes, and a description of the connections
between the lattice and the rest of the components [142]. In order to achieve precise results, the finite
element analysis (FEA) necessitates an accurate mesh to describe the intricate geometry of a LS,
thereby increasing the computational time [143]. As demonstrated by several authors [144,145], the
mesh density, in conjunction with the number and type of elements employed for the discretisation
of the structure, exerts a significant effect on the accuracy of the elastic properties assessment. In
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order to overcome these limitations, a range of approaches have been developed for the analysis of
the mechanical behaviour of the entire lattice structure. One of the most widely employed approaches
is the Representative Volume Element (RVE). This method is based on the utilisation of a fraction of
the volume of the lattice, which is representative of the properties of the entire structure. It is
imperative that this element is sufficiently small in order to reduce the complexity of the simulation,
whilst also being sufficiently large to properly represent the behaviour requested of the lattice [141].
This method has been employed to analyse different lattice structures, thereby demonstrating its
reliability in evaluating the overall linear elasticity constant and overall ultimate failure envelope
[146,147]. Moreover, this approach has been shown to reduce significantly the computational cost of
simulating lattice structures. However, in cases where the structure is complex or large, the
computational cost remains substantial. The problem is exacerbated when the analysis is extended to
components integrating lattice structures, due to the requirement of a considerable number of
elements to fully describe the mechanical behaviour of the entire structure.

In order to overcome the aforementioned challenges, a variety of methodologies have been
developed to analyse the mechanical behaviour of complex components, while maintaining
reasonable computational cost. One of the most valuable techniques is multiscale modelling [148].
This approach involves the computational modelling of the mechanical behaviour of small lattice
structures or single unit cells through finite element analysis, and the subsequent experimental
validation through the use of additive manufactured specimens. Following this, the unit cells space is
replaced by a continuum that can be efficiently modelled by finite element [149]. This facilitates the
evaluation of the mechanical behaviour of the entire structure. Shojaee et al. [150] corroborated the
satisfactory agreement between a multi-scale approach and a full-scale simulation for the
characterisation of the mechanical properties of a lattice structures component. In the field of
industrial applications, the design strategy is driven by this methodological approach [151,152].

The complex architectures of lattice structures pose a crucial challenge in the manufacturing
process. While conventional techniques are not suitable for the production of components with
intricate and detailed features, additive manufacturing is unique in its ability to overcome these
constraints. Among all the 3D printing technologies nowadays available on the market, Laser Powder
Bed Fusion represents the more reliable and well-established technique for the manufacturing of
lattice structures [153]. Despite the well-known advantages of LPBF technologies, it is crucial to
clearly define the limitations, mostly in term of the presence of defects. As reported by Dallago et al.
[154], a wide range of defects can be observed in LPBF-processed components, including porosity,
as-built/as-designed morphological deviations, residual stresses and high surface roughness. These
defects can markedly affect the mechanical properties of the components. Lattice structure
components are distinguished by their large specific surface area, thin struts, and numerous nodal
locations. In this scenario, minor defects also become stress raisers. As reported by some authors
[134,141], the geometric inaccuracies affecting the real manufactured lattice structures can affect the
mechanical behaviour. For instance, these differences can lead to a bending-dominated behaviour
with respect to the stretch-dominated behaviour that was predicted. In this field, the mechanical
performance is affected not only by the topology and relative density of the lattice structure, but also
by printability and manufacturing-induced defects, which must be taken into account [155].

Based on the considerations discussed above, the present chapter is dedicated to the experimental
characterisation of lattice structures manufactured by LPBF technology under quasi-static
compression tests. The aim of this study is to undertake a comparative analysis of different lattice
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structures configurations in order to assess the most suitable configuration in terms of stiffness and
deformation behaviour. This investigation is driven by the objective of identifying the optimal
architecture for integration into an e-bike frame component, a topic that will be addressed in the
following chapters.

3.2 Materials and methodology

In this study, cylindrical specimens with a non-periodic lattice topology were employed. The
architectural design is based on a tetrahedral topology. The external surface of the specimens is
discretised into a triangular mesh while the internal volume is comprised of tetrahedral cells that are
rearranged with a non-periodic topology. The selection of this architecture was made with the aim of
achieving macroscopically quasi-isotropic mechanical behaviour. This unit cell type, according to
Maxwell’s criterion, is expected to promote a stretch-dominated behaviour, making it particularly
well-suited for applications requiring high stiffness [156]. Due to the non-periodic arrangement, the
unit cells do not exhibit a constant nodal connectivity.

The mechanical behaviour of the lattice structures was investigated by varying the unit cell size
(Lcen) from 3.0 mm to 3.5 mm and by varying the strut diameters (ds) between 0.7, 0.85, 1.00, 1.15,
1.30 mm, for a total of ten distinct configurations. The selection of this range was guided by the
manufacturer’s guidelines to ensure printability, to avoid extreme geometric distortion and to prevent
strut collapse during the fabrication process. Adopting this approach ensures that the resulting lattice
structures remain representative of configurations that could be realistically integrated into structural
components. The specimens were manufactured in three different types to evaluate the effect of
specimen size and geometry on the mechanical behaviour:

e Solid cylinder with a height, Lo, and diameter, Do, of 13 mm

e Solid cylinders with a height, Lo, and diameter, Do, of 25 mm

e Hollow cylinders with an internal diameter, Do in,, of 7 mm and a height, Lo, and external

diameter, Do, of 13 mm

The specimens were designed with a height-to-diameter ratio of 1 in accordance with the ISO
13314:2011 guideline and were manufactured using AlSi10Mg alloy with laser powder bed fusion
(LPBF) technology. The chemical composition of the powder feedstock is reported in Table 9, while
the main physical and mechanical properties of the AISil0Mg alloy employed for the tested
specimens are reported in Table 10. The selection of this alloy was driven by its high stiffness, low
density and high corrosion resistance. These properties make it a highly suitable material for a wide
range of applications in the automotive, aerospace and defence sectors [157].

Table 9 - Chemical composition (wt.%) of the feedstock powder.

Element (wt.%) Al Si Mg Cu Mn Fe Ti

AlSi10Mg Bal. 10.3 036 <0.01 <0.01 <0.15 <0.01
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Table 10 - Physical and mechanical properties of AlSi10Mg alloy in as-built condition [158].

Density Ultimate Tensile Strength Yield stress Elongation Young Modulus
Ps UTS Oys A% E;
(g/ecm?) (MPa) (MPa) (GPa)
2.67 440 + 30 240 + 20 6=+3 70

The specimens were fabricated using an EOS M290 Dual Mode LPBF machine with a layer
thickness of 30 pm and an argon atmosphere. The fabrication step deployed a heating system that
kept the baseplate temperature as high as 165°C throughout the whole process. The samples were
manufactured with the base parallel (Z) to the building direction as illustrated in Figure 29, following
the manufacturer’s expertise in terms of optimal build orientation.

(a) (b)

Figure 29 - Build layout of the cylindrical AISil0Mg specimens.

The mechanical characterisation was conducted through quasi-static compression tests, performed
in accordance with the guideline outlined in ISO 13314:2011. These tests were carried out using a
servo-hydraulic Instron tensile testing machine operated under displacement control, with a crosshead
speed of 0.013 mm/s and an initial preload of 100 N. This ensured proper contact between the
specimen and the platens prior to data acquisition. Two specimens per configuration were
manufactured and subsequently tested.

The Table 11 summarises the lattice-structure parameters of all specimens manufactured.
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Table 11 - Lattice structure parameters of all the specimens manufactured.

Type Lo= Do (mm) Lcen (mm) ds (mm) Name Prel
0.70 S13 3 0.70 0.27
0.85 S13 3 0.85 0.48
3 1.00 S13 3 1.00 0.61
1.15 S13 3 1.15 0.72
Solid 3 1.30 S13 3 1.30 0.83
0.70 S13 3.5 0.70 0.27
0.85 S13 3.5 0.85 0.38
35 1.00 S13 3.5 1.00 0.49
1.15 S13 3.5 1.15 0.59
1.30 S13 3.5 1.30 0.70
0.70 H13 3 0.70 0.27
0.85 H13 3 0.85 0.48
3 1.00 H13 3 1.00 0.61
1.15 H13 3 1.15 0.72
1.30 H13 3 1.30 0.83
Hollow 13 —
0.70 H13 3.5 0.70 0.27
0.85 H13 3.5 0.85 0.38
3.5 1.00 H13 3.5 1.00 0.49
1.15 H13 3.5 1.15 0.59
1.30 H13 3.5 1.30 0.70
0.70 $25 3 0.70 0.27
0.85 S25 3 0.85 0.48
3 1.00 S25 3 1.00 0.61
1.15 S25 3 1.15 0.72
1.30 S25 3 1.30 0.83
Solid 25 —
0.70 S25 3.5 0.70 0.27
0.85 S25 3.5 0.85 0.38
3.5 1.00 S25 3.5 1.00 0.49
1.15 S25 3.5 1.15 0.59
1.30 $25 3.5 1.30 0.7

The specimens were grouped according to their type, overall dimensions, unit cell size, and strut
diameter. In this notation, for example, the label S13_3 0.70 denotes a solid cylindrical specimen
with height, Lo, and diameter, Do, equal to 13 mm, a unit cell size of 3 mm and a strut diameter of
0.70 mm. The relative density, prel, is evaluated as the ratio between the designed lattice structure
volume and the volume of a bulk specimen with the same dimensions.

3.3 Results and discussion

The compression tests were stopped once 40% of the specimens’ height was reached, due to
extremely high densification, in order to avoid possible undesired buckling effects. Examples of
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resulting compression curves are demonstrated in Figure 30. All compression curves exhibit the
characteristic behaviour of metal lattice structures [140]. The initial linear regime is characterised by
the elastic deformation of the struts, while the instability regime is marked by oscillations in the
compression force or the presence of a plateau. This region has been demonstrated to be linked to the
buckling trigger of struts [134]. Finally, for some more compact configurations, a densification
regime linked to the progressive collapse of the struts and to the increase in the compression force is
observed.
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Figure 30 - Compression curves for (a) solid specimens with Ly=Dy=13mm, (b) hollow specimens with
Lo=Dy=13mm and (c) solid cylinder specimens with Ly=Dy=25mm.

In order to compare the different topology of the lattice structures analysed, the following
parameters were evaluated. Specific stiffness, stress and strain were evaluated for each lattice series
through the following equations:

K[i _F (4.4)
mm u
F
MPa] = — 45
olmpa) = @5
mmy  Lo—1L
e[mm] e (4.6)
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Where F' [N] represents the applied load, u /mm] is the displacement, 49 /[mm2] is the base area
of the lattice specimen and (L¢-L) represents the reduction of the initial length Ly of the lattice
specimen. The elastic modulus is evaluated employing the linear interpolation with a correlation
factor almost equal to 1 (R? > 0.99) in the elastic region of c-g curve. Thus, the yield stress is
calculated in correspondence of a permanent strain € equal to 0.2% [21]. Table 12 shows the evaluated
mean value of specific stiffness, Young’s modulus (£) and yield strength (a,) for each tested lattice

topology.

Table 12 — Mean values and standard deviation data of mechanical properties and Topological Aspect Ratio
(TAR) of lattice specimens.

Type Name Prel K (KN/mm) E (GPa) oy, (MPa) TAR (mm)
S13 3 0.70 0.27 37+5 3.6+0.5 92+3 12.9
S13 3 0.85 0.48 71+1 7.0+0,1 133 +1 10.6
S13 3 1.00 0.61 67+ 15 6.5+2,1 219+20 9.0
S13 3 1.15 0.72 85+ 18 83+1,8 281 £ 15 7.8
lid S13 3 1.30 0.83 135+5 13.3+£0,5 310+ 1 6.9
Soli S13 3.5 0.70 0.27 2+5 22+05 632 17.5
S13 3.5 0.85 0.38 31£3 3.1+£03 93+1 14.4
S13 3.5 1.00 0.49 50+9 49+0,8 138 +5 12.3
S13 3.5 1.15 0.59 89+1 8.7+0,1 192 +1 10.7
S13 3.5 1.30 0.70 129 +21 12.6 £6,8 264 + 38 9.4
H13 3 0.70 0.27 22+2 3.0+04 90+2 12.9
H13 3 0.85 0.48 43+ 1 59+0,1 124 +1 10.6
H13 3 1.00 0.61 51+8 7.0+£1,0 182+8 9.0
H13 3 1.15 0.72 78 £ 25 10.8 £3,5 218+13 7.8
H13 3 1.30 0.83 99 + 33 13.7+4,6 279 £21 6.9
Hollow =
H13 3.5 0.70 0.27 31+11 42+1,5 55+£22 17.5
H13 3.5 0.85 0.38 50+5 6.9+0,7 92+1 14.4
H13 3.5 1.00 0.49 48 + 8 6.7+1,1 138+ 6 12.3
H13 3.5 1.15 0.59 52+4 7.1+£0,5 189 +2 10.7
H13 3.5 1.30 0.70 79+3 109 +£0,4 225+2 9.4
S25 3 0.70 0.27 85+ 6 44+03 76+3 12.9
S25 3 0.85 0.48 148 +2 7.5+0,1 111+1 10.6
S25 3 1.00 0.61 187 +3 9.5+0,1 158 +7 9.0
S25 3 1.15 0.72 228 +7 11.6£0,7 221+2 7.8
Solid S25 3 1.30 0.83 173 £15 88+14 283 + 1 6.9
o S25 3.5 0.70 0.27 54+3 2.7+0,2 48 £2 17.5
S25 3.5 0.85 0.38 82+12 42+0,6 735 14.4
S25 3.5 1.00 0.49 139 £ 16 7.1+0,8 104 +3 12.3
S25 3.5 1.15 0.59 164 + 24 84+22 150 +3 10.7
S25 3.5 1.30 0.7 218+9 11.1£0,5 193 +1 9.4
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As illustrated in Figure 31, the stress-strain curves demonstrate the effect of varying the
parameters Ly and Dy on the behaviour of the solid cylinder. It has been observed that, with the
maintenance of the unit cell size, an increase in the strut diameter is associated with an increase in
the relative density. This rise is directly correlated with an enhanced slope of the linear phase,
suggesting elevated stiffness, as demonstrated in Figure 31 and Table 12. This monotonic and well-
defined trend is also observed in the case of Young’s modulus and yield strength, indicating that
relative density is a dominant parameter in controlling the mechanical performance of a lattice
structure. It is evident from the stress-strain curves depicted in Figure 31 that an increase in the
relative density of the lattice also affects the mechanical behaviour of the structure. In the case of
structure with low relative density, a o-¢ curve is observed that suggests a bending-dominated
behaviour, characterised by an almost constant plateau after yield. Conversely, with increasing strut
diameter, and consequently relative density, a transition to a more stretch-dominated behaviour is
evident, characterised by higher stiffness and post-yield softening. Kechagias et al. [138] reported
analogous results, thereby confirming that an increase in relative density can lead to a transition from
bending- to stretch-dominated behaviour for non-periodic lattice structures. A further parameter that
exerts an impact on relative density is the unit cell size. It is evident from Figure 31 that increasing
the size of the unit cell while maintaining the strut diameter results in a reduction of the relative
density of the lattice structures, which consequently leads to a reduction in mechanical properties. As
reported by Pollara et al. [159] a larger lattice architecture offers a smaller number of load-bearing
members within the same volume.
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Figure 31 - Stress-strain curves for solid cylinder with (a) Ly = Dy = 13 mm and (b) Lo = Dy = 25 mm.

It is evident that by increasing the overall size of the specimens, whilst maintaining the unit cell
size and strut diameter constant, lattice structures with identical relative density but a different number
of unit cells are obtained. Therefore, it can be theorised that this could affect their mechanical
properties. Xu et al. [160] introduced the concept of “node weight” to quantify the mechanical
contribution associated with each node in a lattice structure as a function of the number and
orientation of converging struts. From a macroscopic view, the overall mechanical response is driven
by the statistical distribution of these load-bearing nodes. Increasing the number of unit cells enhances
the load-transferring capacity of the lattice structure, resulting in increased stiffness. However, this
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also led to an enhancement in the number of highly stressed nodes and struts, as well as the probability
of geometric irregularities and manufacturing-induced defects inherent in the LPBF process. It is well
established in the literature that the onset of failure in lattice structures could be driven by the weakest
local feature, resulting in a potential premature rupture [161]. As demonstrated in Figure 32a, an
enhancement in Young’s modulus is associated with a decrease in the apparent yield strength as the
sample size increases (Figure 32b). While an increased number of nodes contributes to greater
stiffness in the linear elastic regime, as also confirmed by Yang and Park et al. [162,163], the
increased probability of critically stressed or faulty nodes results in an earlier onset of collapse. In
view of the limited number of specimens analysed and the low dispersion observed in these results,
further experimental and numerical investigations would be necessary to fully quantify the influence
of the number of unit cells on the mechanical properties of these lattice structures.
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Figure 32 — Effect of relative density, unit cell size and specimen geometry on (a) Young modulus and (b)
yield strength of the lattice structures.

Figure 33 presents the c-¢ curves for specimens S13 and H13. It is evident that the different
geometry used for the H13 configuration results in a pronounced reduction in mechanical properties.
This assertion is corroborated by the values of stiffness, Young’s modulus and yield strength reported
in Table 12. These differences further confirm that the geometry of the specimens has a significant
impact on the propagation of local instabilities within the structure and the redistribution of load
within the lattice. In the specimens analysed, the reduction in the volume occupied by the lattice
structure, while maintaining constant unit cell size and strut diameter, is in accordance with the
“weight node theory” introduced by Xu et al. [160]. The employment of cylindrical specimens,
wherein the lattice structure is confined within a circular crown with thickness of 3 mm, results in a
substantial reduction in the number of load-bearing nodes and struts that contribute to the mechanical
response. Consequently, the macroscopic stiffness of the structure is significantly reduced. This effect
is particularly evident in the second stage of deformation, referred to as the plateau regime [131].
Once yielding occurs in the struts, the number of elements effectively working against the
compression load is significantly lower in the H13 specimens than in the S13 configurations. This
leads to a faster collapse and a more pronounced decrease in compressive stress. Figure 33 clearly
shows that, even for the H13 architecture as observed for the S13 and S25 specimens, an increase in
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relative density strongly affects the mechanical behaviour of the structure, promoting a transition
from predominantly bending-dominated behaviour to a predominantly stretch-dominated behaviour.
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Figure 33 - Stress-strain curves for solid and hollow cylinder with unit cell size (a) Lees = 3 mm and (b) Leen =
3.5 mm.

The experimental results obtained in this study provide evidence that the mechanical behaviour
of the tested lattice structures is primarily driven by the relative density and specimen geometry.
Among these parameters, relative density has been identified as the primary driver of stiffness,
Young’s modulus and yield strength. The relative density is linked to the geometrical parameters of
the lattice structure expressed in terms of unit cell size and strut diameter. In order to better analyse
the effect of these geometrical features on the mechanical properties, the experimental results were
further analysed using the Topological Aspect Ratio (TAR), as reported in [133]. The TAR parameter
is defined as follows:

Acenr _ Leen " Leen

TAR [mm] = 4 a4

(4.7)

As presented in Table 12, the evaluated TAR for each configuration of lattice structures is
provided, thus offering a geometrical descriptor of the lattice architecture. In the context of structural
analysis, the relative density of a material is defined as a quantitative parameter that quantifies the
solid material within a structure. The TAR method has been demonstrated to effectively describe the
slenderness of load-bearing elements, thereby facilitating a comprehensive understanding of the
mechanical behaviour of the structure. As demonstrated in Table 12, this parameter could represent
a reliable alternative to relative density in order to describe the mechanical performance. Specimens
with identical relative density may exhibit different 74R value. As shown in Figure 34, the normalised
Young’s modulus (E/Es) and normalised yield strength (6,/0,5) are presented as a function of the TAR
parameter. The values of the elastic modulus and yield strength, obtained for each configuration of
the lattice structure, have been normalised with respect to the modulus of elasticity (£;) and yield
strength (gys) of the AISi10Mg alloy, as reported in Table 10. For all the configurations analysed, the
mechanical properties exhibited a decreasing trend as 74R increased. As illustrated in Figure 34a, the
relationship between E/E; and TAR displays a coefficient of determination (R?) ranging from 0.72 to
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0.94. This finding suggests that this parameter effectively captures the geometric features that govern
the mechanical behaviour of these lattice structures. It has been demonstrated that the reduction in
the Young's modulus of the lattice structures, with an increase in the TAR, can be attributed to the
enhanced slenderness of the struts in comparison to the dimensions of the unit cell. Pirinu et al. [133]
corroborated that a low TAR is indicative of a structure characterised by elevated stiffness and
mechanical resistance, and a greater tendency for stretch-dominated behaviour, whilst a higher TAR
is representative of a greater propensity for bending-dominated behaviour. As demonstrated in Figure
34b, a similar trend is evident in 0,/0ys, exhibiting a stronger correlation (R> > 0.89). This finding
indicates that the slenderness of the load-bearing elements, as characterised by the TAR, is a pivotal
factor in the onset of yielding in the struts and nodes [164].

When comparing different configurations with equal TAR values, a dispersion of experimental
results can be observed. This underscores the fact that, while the topological aspect ratio can describe
the mechanical behaviour of a lattice structure, it is insufficient to fully capture its complexity. The
mechanical behaviour of the structure is also affected by parameters such as the number of unit cells
and the geometry of the specimen.
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Figure 34 — Normalised (a) elastic modulus and (b) yield strength versus TAR index for all the lattice
configurations tested.

Although the topological aspect ratio (TAR) describes how the geometrical features affect the
mechanical response of non-periodic lattice structures, it does not provide a unique criterion to
distinguish between bending-dominated and stretch-dominated behaviour. Therefore, an additional
mechanical analysis based on established models is required. In order to perform a more detailed
analysis of these non-periodic lattice structures and distinguish them in stretch- or bending-dominated
behaviour, the Gibson-Ashby model was implemented. The experimental data collected for all the
configurations were analysed with the Eq. (4.2) and Eq. (4.3), as illustrated in Figure 35. A power
regression was performed on the lattice structures’ elastic modulus and strength data in order to derive
the coefficients and exponents. Subsequently, these parameters were compared with the predictions
of the Gibson-Ashby model in terms of bending- and stretch-dominated behaviour. The elastic
response, as shown in Figure 35a, demonstrates exponents n ranging from approximately 0.8 to 1.9,
based on the relative density and specimen geometry. The Gibson-Ashby model shows specimen
S13_3 exhibits a stretch-dominated behaviour. An increase in the unit cell size, whilst maintaining a
constant strut diameter, resulted in a slenderness of the struts with respect to the cell size and a
decrease in the number of unit cells within the lattice volume. This finding aligns with the

aforementioned “node weight theory”, and it is consistent with the observation that the struts are less
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able to equilibrate the bending moments at the nodes, resulting in a behaviour that is predominantly
governed by bending forces [132,160]. For the S25 configuration, the trend is comparable, however,
increasing the unit cell size resulted in a transitional regime between the two ideal deformations. For
the H13 configuration, an exponent n decrease was observed as the unit cell size increased, thus
indicating a deviation from the previously observed trend. Such behaviour, when combined with an
exponent n < I, may be associated with geometric weakness or local defects [165]. The yield strength
analysis reported in Figure 35b highlights a clear transition from stretch-dominated behaviour (n=1)
for L.e;; = 3mm to bending-dominated behaviour (n=1.5) for L..; = 3.5 mm across all the
investigated configurations.

It has been observed that configurations previously associated with low TAR values, characterised
by increased density, demonstrate a greater propensity for stretch-dominated behaviour. In contrast,
lattices with high T4R values are associated with a more bending-dominated behaviour. The Gibson-
Ashby model has been proven to align closely with the T4AR-based model, thereby reinforcing the
hypothesis that topological aspect ratio can accurately capture the geometrical features of non-
periodic lattice structures. The Gibson-Ashby analysis demonstrates also that the mechanical
behaviour of non-periodic lattice structures cannot be described using a single deformation regime.
In certain scenarios, the observed behaviour was attributed to a transitional regime, which was found
to be influenced by parameters such as the unit cell size, strut diameter, lattice geometry and also
geometric irregularities and manufacturing-induced defects.
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Figure 35 - Normalised (a) elastic modulus and (b) yield strength versus relative density for all the lattice
configurations tested.

This study established a robust experimental and analytical basis for understanding the mechanical
behaviour of LPBF-processed non-periodic lattice structures. The combined use of relative density,
the topological aspect ratio and the Gibson-Ashby model enables a comprehensive interpretation of
stiffness, strength and deformation mechanism.

In the course of the present study, a comprehensive analysis of the tested configuration was
conducted. The analysis revealed that, tetrahedral cells with a unit cell size of 3 mm consistently led
to a lattice structure exhibiting stretch-dominated behaviour, regardless of the specimen size and
geometry. From an industrial standpoint, these configurations appear particularly suitable for
lightweight structural applications in which high stiffness and strength are the primary requirements
[166]. Conversely, an enhancement in the unit cell size resulted in architectures with a predominantly
bending-dominated behaviour. From the perspective of energy absorption, such configurations
dominated by bending exhibit a more stable plateau regime, which is typically associated with
enhanced energy dissipation through progressive strut yielding [167]. Furthermore, this study
highlighted the possibility of achieving mixed deformation regimes through appropriate tailoring of
the lattice parameters. This aspect is worthy of considerable interest, as, in accordance with specific
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functional requirements, lattice structures can be tailored to exhibit a hybrid mechanical behaviour
that is specifically suitable for certain applications.
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4 Hybrid welding of aluminium alloys

Additive manufacturing is a well-established technology that has found application in numerous
industrial sectors, such as aerospace, automotive and biomedical [168]. Among all the additive
manufacturing technologies, Laser Powder Bed Fusion is recognised as one of the most promising
for industrial applications [169]. Despite its well-known advantages and strategic suitability for
specific applications, already discussed in the previous chapters, this technology is not always able
to produce large or geometrically complex parts without resorting to conventional manufacturing or
joining processes. Furthermore, in specific scenarios, economic or operational constraints require
joining processes [170]. In the field of light mobility, the employment of hybrid design strategies
integrating AM with wrought aluminium alloys has been shown to yield substantial advantages,
including enhanced functionality and weight reduction. However, this hybrid approach involves the
development of reliable and suitable welding strategies to ensure mechanical integrity and durability.
In order to overcome these limitations, it is crucial to develop the technological capability to join
components fabricated via both traditional and additive manufacturing methods.

Recent studies have focused on the welding of additively manufactured aluminium alloys,
particularly the combination of 3D-printed and wrought materials in joints [171,172]. Potential
solutions explored include fusion welding processes and solid-state techniques. Although well-
established in the bike frame industry, fusion welding processes can result in microstructural
problems and defects [173]. Solid-state processes may circumvent some issues by avoiding melting.
However, poor welding parameters can reduce the mechanical properties of the weld [174].

Despite the findings reported in recent studies, there remains a significant lack of information
regarding the microstructural evolution and its direct influence on the mechanical and corrosion
behaviour of hybrid-welded joints, particularly those involving Al alloys. In order to support the
development of cost-effective, geometrically complex, and functionally tailored hybrid structures,
further in-depth investigations are required.

The objective of this chapter is to analyse hybrid welded joints between LPBF AlSi10Mg and
wrought aluminium alloys 6061 and 6082, produced using both fusion and solid-state welding
processes. The present study investigates the resulting microstructural features and evaluates the
mechanical and corrosion behaviour, with the aim of identifying the key factors governing the
structural integrity and durability of the hybrid joints.

4.1 Welds of aluminium alloys

Aluminium and its alloys are widely used in welding industries due to economic advantages, such
as good strength-to-weight ratio, good corrosion resistance and easy recyclability [175]. Despite these
advantages, aluminium alloys are also well-known for their welding challenges mainly related to
thermal properties and the presence of some alloying elements that might evaporate during the
welding process [176]. Its high thermal conductivity, approximately 237 W/(m-K), results in rapid
dissipation of heat and subsequent negative effects on the control of thermal processes during fusion
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welding [177]. In addition, the higher coefficient of thermal expansion leads to the formation of
residual stresses during the solidification process, which could result in hot cracking [178].

The main challenge in applying most joining technologies to aluminium is the presence of its
stable and refractory aluminium oxide layer (Al,0O3) on the material surface [179]. The alumina layer
exhibits reduced electrical conductivity and elevated melting temperature (2070°C) in comparison to
aluminium alloys (600°C) [180]. This difference requires prior cleaning of the surface to be welded
to remove excess of oxide. This alumina layer has the potential to hinder the formation of a cohesive
weld bead if it is not adequately addressed prior to the welding process.

A defect that drastically reduces the weld quality and its mechanical properties is porosity.
Regardless of whether the discussion concerns the welding of conventional aluminium alloys or those
produced through additive manufacturing processes, it is generally assumed that the reason for
porosity formation within weld beads is the presence of hydrogen. Significant sources of hydrogen
can be attributed to the presence of surface contamination in both the base metals. As reported by
Mazur et al. [181], this contamination typically manifests in the form of hydroxides, hydrocarbons or
oxides, in conjunction with adsorbed moisture. An additional source of hydrogen can be attributed to
impurity in the shielding gas as a consequence of erroneous procedures. The pronounced tendency of
aluminium to form porosity is related to the hydrogen solubility. As reported by Mathers et al. [182],
the hydrogen solubility in molten aluminium is approximately 20 times higher than that of solid
aluminium. As the temperature of the melt decreases rapidly, the insoluble hydrogen is unable to
escape the molten bath and remains trapped. This results in a marked tendency of porosity formation.
When considering welding of additively manufactured aluminium alloys, the issue of hydrogen
presence is of particular concern. The hydrogen content of the AM component is found to be seven
times higher than that of the cast or wrought aluminium parts [183]. The elevated hydrogen content
may be attributed to the powder and its processing from the atomisation to the finished AM
component. Throughout the procedure, the powder is exposed to the ambient atmosphere on multiple
occasions. Since the powder has a surface area that is substantially larger than that of a compact
component, it exhibits a greater tendency to moisture adsorption from the environment [184].
Following the dissolution of moisture and hydrogen in the powder, the process of removal becomes
extremely challenging. The outcome of this phenomenon is the formation of porosity during the
printing process, as well as the potential for subsequent porosity formation during welding processes.
Techniques to reduce the porosity level and to improve the mechanical properties of joints have been
reported in literature, such as heat input control [185], pre-heating [186], optimised process
parameters [187], laser cleaning of the parts to be welded prior to welding [188]or use shielding gas
with CO; and He [189].

From a metallurgical standpoint, the weldability of aluminium alloys is significantly influenced
by their chemical composition and strengthening mechanism. As reported by Olabode et al. [190],
the presence of alloying elements has been demonstrated to directly impact the weldability of
materials. Specifically, the addition of silicon and magnesium has been shown to enhance weldability,
while the presence of copper and zinc has been observed to impede this process, thereby favouring
the formation of weld defects. Non-heat-treatable alloys have been shown to exhibit good weldability
and retain satisfactory mechanical properties after welding. For instance, AISil0Mg is an additive
manufacturing alloy with a chemical composition similar to 4xxx Al-Si alloys, to which magnesium
has been added to introduce some precipitation hardening, through Mg>Si precipitates, at the expense
of a slight reduction in weldability [182]. Heat-treatable alloys demonstrate a significant decrease in
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mechanical properties after the welding process. Alloys of the 6xxx series have been observed to
exhibit a higher susceptibility to hot cracking in the weld bead and over-ageing in the regions adjacent
to the weld bead [191]. The presence of silicon and magnesium in these alloys provides good
weldability, but the marked deterioration of mechanical properties requires post-weld heat treatments
to restore strength, thus constraining their use in certain applications.

Joining methods for aluminium alloys can be generally divided into fusion welding and solid-
state welding techniques, which differ fundamentally in their joining mechanisms and thermal
histories.

The most reported fusion welding process in literature is gas tungsten arc welding (GTAW). In
this method, a non-consumable tungsten electrode, an arc column and a filler metal are used to melt
the material and form the joint, as illustrated in Figure 36. An inert shielding gas, typically argon or

helium, is also used to protect the electrode and the molten pool from atmospheric contamination
[192].
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Figure 36 - Schematic representation of GTAW process [182].

Based on microstructural features, GTAW welded joints are typically divided into three main
regions: the weld zone (WZ), the heat-affected zone (HAZ) and the base material (BM) [193]. This
heterogeneity strongly affects the mechanical behaviour of the joint and is often the primary criterion
for assessing its in-service performance. In the WZ, the weld metal is in as-cast structure, consisting
of a mixture of the filler metal and the base metal. The property of this zone depends on the chemical
composition of base metal and filler metal, the quality of the welding process and the rate of
solidification. According to Mathers et al. [182], in welding conventional aluminium alloys the WZ
will match the parent metal properties only when they are in as-cast or annealed condition. If the base
metals are precipitation-hardening alloys, a post-weld heat treatment can be carried out in order to
increase the strength of the WZ, but the effectiveness of this post-weld heat treatment is strongly
related to the filler metal composition and dilution [194]. This behaviour can be extended to the HAZ,
in heat-treatable aluminium alloys, such as those belonging to the 6xxx series, the heat generated
during the welding process can lead to precipitates dissolution and over ageing phenomena. This, in
turn, results in a decline in the mechanical properties of the heat-affected zone [195]. In the context
of additive manufactured aluminium alloys, the aforementioned behaviour is amplified by the
intrinsic microstructural features of LPBF parts. Nahmany et al [196], shown that the WZ of LPBF
AIS110Mg exhibits a cast-like Al-Si eutectic morphology whit columnar/equiaxed dendrites, whereas
the LPBF base material displays a much finer cellular-dendritic solidification structure. This
microstructural mismatch strongly affects the mechanical response. In AM components the fast
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solidification rate led to very fine microstructure and significant solid-solution strengthening, while
the slower solidification rate during welding produces a coarser microstructure with reduced
strengthening and lower mechanical properties, as observed by Zhang et al. [197] for GTAW of LPBF
AlSil0Mg.

The microstructural heterogeneity across BM, HAZ and WZ also manages the corrosion
behaviour of aluminium welds. As reported by Zhu et al. [193], the HAZ of GTAW-welded AA2219
exhibits an increased content of Cu-rich precipitates along the grain boundaries, leading to the
formation of precipitate-free zones adjacent to the grain boundaries. This microstructural condition
promotes the intergranular corrosion within the HAZ. Fahimpour et al. [198], reported analogous
observation concerning GTAW joints in AW6061 plates, thereby confirming the need for post-weld
heat treatment to enhance the corrosion and mechanical performance of weld bead.

In addition to porosity and microstructural heterogeneity, other factors such as cracks, residual
stresses, and filler metal composition can also have a substantial impact on mechanical and corrosion
behaviour of fusion-welded aluminium alloys [199]. Despite these disadvantages, GTAW has been
widely adopted in industrial applications, such as bike frame production, due to its versatility and
easy to carry equipment [200].

Friction stir welding (FSW) is the most widely used solid-state welding method. FSW is
distinguished from conventional fusion welding by avoiding the melting of the base materials. The
joint is formed through an intense plastic deformation and frictional heating generated by a rotating
tool pressed against the surface of two abutting plates, as illustrated in Figure 37. In the process of
friction stir welding the most relevant feature is the asymmetry between the advancing and retreating
side. This asymmetry exerts a significant influence on material flow, microstructural evolution, defect
formation and, therefore, on mechanical properties. The advancing side is characterised by more
severe thermal and mechanical conditions and represents the most critical region for bonding quality.
In contrast, the retreating side often provides a more stable contribution to the nugget zone.

Figure 37 - Schematic representation of FSW process [201].

FSW joints are characterised by four distinct regions: the nugget zone (NZ), where the plastic
deformation and heat generated by the FSW tool induce a recrystallisation resulting in the formation
of refined equiaxed grains within the stir zones [202]; the thermo-mechanically affected zone

66



(TMAZ), where in the case of aluminium alloys, the rotating tool generates considerable plastic
deformation without recrystallisation [201]; the heat-affected zone (HAZ), where, as in the case of
GTAW process, the heat generated by the welding process can modify the microstructure; and the
base material (BM). The FSW process has been shown to minimise problems typically associated
with aluminium welding, such as hot cracking, porosity, and excessive residual stress [203].
Notwithstanding the aforementioned advantages, the weld bead is significantly affected by process
parameters, including tool geometry, rotating speed, and travel speed. Improper parameters may
result in inadequate material mixing or defects within the weld bead. The most significant defects
impacting the mechanical properties of FSW joints are those which result from voids and joint line
remnants. The formation of voids is observed to occur preferentially in the advancing side of the weld
or near the base of the pin. This phenomenon has been found to be related to high travel speed, low
tool rotation speed or inadequate joint gap [204]. The term “joint line remnant” refers to a feature that
extends from the weld root through the weld. The presence of this defect is attributable to inadequate
removal of aluminium oxide from the surfaces of the butting plates [205]. The presence of these
defects has been shown to have a significant impact on the mechanical properties of the joints, thereby
promoting the occurrence of mechanical failure within the weld bead. Inadequate process parameters
have also been demonstrated to exert an effect on the microstructural features that are present within
the joints and adjacent regions. In the case of 6xxx aluminium alloys, for example, an increase in tool
rotation speed, with the subsequent higher thermal input, can lead to a significantly increased
dissolution of hardening precipitates, with the consequent reduction in the tensile strength [202].
From a corrosion perspective, given the specific aluminium alloys and the process parameters, the
corrosion may occur preferentially in the TMAZ, HAZ or NZ. Jariyaboon et al. [206] established that,
for AA2024, a low heat input results in the TMAZ being most affected by corrosion attacks in
comparison to the adjacent zone. However, with increasing heat input the HAZ becomes significantly
more affected. Fahimpour et al. [198] reported that the nugget zone of AW6061 joints exhibited fine-
grain structures in comparison to the adjacent zone. This was accompanied by a higher susceptibility
to corrosion due to the presence of FE- and Si-rich precipitates along the grain boundaries.

4.2 Dissimilar welding of aluminium alloys

The integration of components manufactured from different aluminium alloys is often a
prerequisite for the use of aluminium alloys in industrial applications. Consequently, it is imperative
to distinctly differentiate between dissimilar and hybrid welding methods.

In this scenario, the welding of different aluminium alloys, referred to as dissimilar joints,
involves materials characterised not only by mismatch in chemical composition but also by profound
differences in microstructural features and processing history. Hybrid welding can be regarded as a
specific subclass of dissimilar welding, referring in particular to the joining of materials produced
through different manufacturing processes. Within this framework, the present chapter discusses both
fusion and solid-state welding process applied to joints between conventionally manufactured and
additively manufactured aluminium alloys.

When dissimilar aluminium alloys are joined by fusion welding processes, the selection of suitable
welding parameters and filler metal plays a crucial role in obtaining sound welded joints. Differences
in chemical composition give rise to variations in thermo-physical and mechanical properties, such
as thermal conductivity and melting point [207]. As reported by Luijendijk et al [208], for GTAW
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joints the heat produced by the arc will flow more easily in material with larger thermal conductivity,
leading to possible lack of fusion in this material or excessive melting in the material with lower
thermal conductivity.

The selection of filler metal represents another crucial factor in the performance of dissimilar
joints [178]. Yelamasetti et al [209], reported that the employment of ER4043 as filler metal instead
of ER5356 resulted in weld beads that exhibited a reduced defects density and enhanced mechanical
properties. However, only few guidelines or published literatures are available to select the most
suitable filler metal. The corrosion behaviour of dissimilar aluminium alloy welds is also significantly
affected by the selection of filler metal and the subsequent microstructural heterogeneity. As reported
by Gadallah et al. [210], differences in alloy composition between BM, WZ and HAZ can promote
the formation of local galvanic couples. The use of an inadequate filler metal can amplify the
electrochemical differences across the joint, resulting in enhanced corrosion phenomena.

Friction stir welding is also one of the most frequently employed techniques for dissimilar welds.
Welding aluminium alloys with different chemical composition introduces further challenges, mainly
due to the fact that the two base materials can have different plastic deformation behaviour, different
thermal conductivity and different material flow kinematics during the stirring phase. These
differences lead to significant microstructural and mechanical asymmetry between advancing side
and retreating side [201]. Furthermore, numerous studies have been conducted that demonstrate the
absence of effective alloying mixing within the weld bead, regardless of the process parameters
employed. Larssoon et al. [211], reported that an EDS scan across the nugget zone of FSW joints
between 5083 and 6082 aluminium alloys shows no evidence of regions with an intermediate
composition. From a corrosion perspective, despite the chemical mismatch between the base
materials, several studies have demonstrated that the nugget zone frequently exhibits greater
corrosion performance in comparison with both the base metals [212,213].

These challenges are expected to be further amplified when one of the joined materials is produced
by additive manufacturing. In such instances, the welding process, designated as hybrid welding,
encounters not only a chemical mismatch, but also microstructural and stress residual differences.
These aspects contribute to an enhancement in the overall complexity of the welding process,
affecting repeatability and achievable weld quality.

In the context of fusion welding processes, such as GTAW, the main challenge influencing the
mechanical performance of hybrid joints is linked to the markedly elevated susceptibility to porosity
exhibited by additively manufactured components in comparison to conventional wrought alloys. It
has been reported in several studies that aluminium alloys commonly processed by LPBF exhibit this
behaviour, with a significantly higher pore density observed within the weld zone, particularly in the
region adjacent to the AM material in hybrid welds [43,183,197,214].

Solid-state welding techniques, such as FSW, have been shown to reduce fusion-related defects,
particularly porosity within the weld bead. However, hybrid solid-state welding has been observed to
emphasise the microstructural and mechanical asymmetry between the advancing side and the
retreating side [215]. Moreover, as was also observed in dissimilar welding, incomplete material
mixing between the additively manufactured alloy and the conventionally produced alloy within the
weld zone plays a pivotal role in governing both the mechanical performance and the corrosion
behaviour of the joint [216].
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4.3 Hybrid welding between LPBF AlSi10Mg and wrought 6xxx alloys

This work has been developed within the framework of the MOST (National Centre for
Sustainable Mobility) project, which aims to explore the application of advanced materials and
additive manufacturing (AM) in the development of lightweight and modular components for light
electric vehicles. The present study originates from the need to evaluate the mechanical integrity and
corrosion resistance of hybrid joints. It specifically investigates the welding behaviour between
AlSi110Mg produced by laser powder bed fusion (LPBF) and conventionally wrought AW6061 and
AW6082 T6 by gas tungsten arc welding (GTAW) and friction stir welding (FSW). Tests were
performed on specimens in the as-built (AB) condition and after heat treatment, analysing different
welding techniques to better understand the influence of welding parameters on mechanical properties
and corrosion resistance. The results contribute to the broader goal of enabling the application of AM-
fabricated components in structural parts of lightweight vehicles, with particular attention to
durability and safety.

4.3.1 Fusion welding of LPBF AlISi10Mg to AW6061

4.3.1.1 Materials and methodology

The additive manufactured specimens were fabricated using an EOS M290 LPBF machine to
process EOS aluminium AlSi10Mg powders, in collaboration with the industrial partner Aidro. The
powders were characterised by a particle size range of 27 - 76 um and the nominal compositions of
the additively manufactured alloy powders are shown in Table 13. The fabrication step employed a
heating system that kept the baseplate temperature as high as 165°C. The AlSil10Mg specimens were
printed with a cylindrical shape, measuring 30 mm in height, 20 mm in external diameter and a width
of 1.20 mm. The printing direction was parallel to the cylinder axis. The AW6061-T6 specimens were
plate-shaped, with dimensions of 50 x 50 x 4 mm. Table 13 illustrates the mechanical properties of
the AlISi10Mg alloy and AW6082-T6. The welding process was carried out using Gas Tungsten Arc
Welding (GTAW) with three different welding techniques: continuous GTAW, pulsed GTAW at 80
Hz and 100 Hz. The initial peak current was set to 140 A. However, since the welding process was
performed manually using a foot pedal, the current was dynamically adjusted by the operator during
the joining process. Subsequent to the initial arc ignition, at which point the current typically reached
values between 120 - 140 A, a gradual reduction occurred as the weld progressed. This manual
modulation of the input resulted in an estimated average current of 90 - 100 A along the weld bead.
The GTAW process was conducted using argon as the shielding gas and ER5356 as the filler metal,
chemical composition reported in Table 13, obtaining specimens with the shape shown in Figure 38.

Table 13 - Chemical composition (wt.%) of the base materials (AlSi10Mg, AW6061) and filler alloy
(ER5356).

Elements (wt.%) Al Si Mg Fe Cu Mn Zn Cr Ti

LPBF AlSil0Mg bal. 10.3 0.36 <0.55 <0.05 <045 <0.10 - <0.15
ER5356 bal. <0.25 45-55 <040 <0.10 <020 <0.10 <020 <0.20
AWG6061-T6 bal. 04-08 08-12 <070 0.15-040 <0.15 <025 <035 <0.15
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Figure 38 - GTAW specimen geometry.

The LPBF AlSi10Mg specimens were tested in the as-built condition (NT) and after a solution
heat treatment at 530 °C for 6 hours (HT) performed before the welding process. Table 14 illustrates
the classification of the samples analysed.

Table 14 - Classification of the welded specimens by heat treatment condition and GTAW techniques.

GTAW technique
Continuous Pulsed at 80 Hz Pulsed at 100 Hz
Specimen As-built Cont NT 80Hz NT 100 Hz NT
conditions Solution heat treatment Cont HT 80 Hz HT 100 Hz HT

In view of the restricted number of samples available for this study, it was only possible to perform
a single test for each condition (NT and HT) and for each GTAW parameter in use. In order to address
this, the test pieces were cut vertically, with one half of each specimen utilised for microstructural
analysis and hardness testing, and the other half for corrosion testing. Thermal desorption analysis
was performed on the LPBF AISi10Mg specimens using a commercial Leco instrument to quantify
hydrogen content. The test was carried out at a constant temperature of 1800 °C until the hydrogen
signal dropped below 1% of the maximum peak value detected.

Microstructural analysis was performed on cross sections, in order to obtain a surface finishing
suitable for micrographic analysis, the specimens were mechanically polished with SiC papers up to
4000 grit and then with a 1 um diamond suspension. The microstructures were revealed by chemical
etching with Keller and Weck reagent, analysed using digital-optical microscope Keyence VHX-7100
and a Gemini Sigma 300 field emission scanning electron microscope (FESEM), equipped with an
Oxford x-act probe for energy-dispersive X-ray spectroscopy (EDS).

The geometry of the weld mock-ups precludes the samples from being subjected to tensile testing.
Accordingly, the mechanical behaviour was investigated through Vickers hardness tests, in
accordance with UNI EN ISO 6507-1, utilising a load of 0.1 kg and a loading time of 10 s. To evaluate
the mechanical properties of the weld beads, the section of the weld bead of each test piece was
mapped.

Intergranular corrosion tests were performed in accordance with the EN ISO 11846 standard
(Method B). It is evident that, owing to the specimen's geometry, no mechanical grinding was
performed prior to testing. Consequently, the specimens were evaluated with a surface roughness that
was as-built. The samples were degreased with acetone, immersed for 3 minutes in a sodium
hydroxide solution (8% by weight at 55 £ 2 °C), rinsed in water, immersed for 2 minutes in
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concentrated nitric acid, rinsed in distilled water and dried. Subsequently, the specimens were
immersed in the test solution, containing 30 g/L sodium chloride and 10 mL/L concentrated
hydrochloric acid, at room temperature for 24 h. The temperature of the test solution was maintained
within a range of 21 - 25 °C. Afterwards, the samples were rinsed in distilled water and dried.
Corrosion products were removed with a non-metallic brush, followed by a systematic rinsing in
distilled water, immersed for 30 seconds in concentrated nitric acid, then immersed in an ultrasonic
bath of acetone and subsequently allowed to dry. A metallographic section perpendicular to the
exposed surface was evaluated in order to determine the presence and depth of the attacks.

4.3.1.2 Results and discussion

Microstructural analysis

The cross-section of the hybrid weld bead obtained with different welding parameters is shown in
Figure 39, AlSi10Mg is in the upper part of the welded specimens while the AW6061-T6 is in the
lower part. Similar microstructural features were observed across all analysed specimens. However,
for the sake of clarity, only representative samples are discussed in the following sections. While the
exact distribution and extent of the microstructural regions may vary slightly among the specimens,
the reported features capture the main trends consistently observed throughout the investigation.

As illustrated in Figure 39, the analysis of the cross-sections of all specimens revealed the
presence of welding defects in the lower region of the weld bead. The defects observed are likely
attributable to the specimen geometry and the welding configuration, given that the welding process
was executed from the outer side of the components. Consequently, the internal surface of the joint,
in the transition region between the LPBF AISi10Mg and the AW6061-T6, exhibits an irregular bead
morphology. In this area, a local lack of fusion can be observed, resulting in an irregular bead
morphology characterised by insufficient penetration at the LPBF AISi10Mg - AW6061-T6 interface.
The presence of this lack of fusion at the weld root may be ascribed to insufficient heat input, which
results in a shallow molten pool unable to fully melt the joint interface [217]. The cross-sections of
the specimens welded, illustrated in Figure 39, revealed also a higher amount of pores within the weld
zone. Wu et al. [218] obtained analogous results suggesting that the round shape is related to gas
pores. As aforementioned in the previous chapters, the underlying causes of the porosity formation
within the weld bead may be ascribed to various factors, the hydrogen trapped within the LPBF
component [219], the presence of surface oxides or incorrect welding procedure [181]. As reported
by some authors [43,214], the formation of areas with elevated porosity within joints is particularly
observed in hybrid welding. This zone, evident in Figure 39, is called the pore belt. Heterogeneous
nucleation and the action of the filler material result in the movement of porosity towards the
periphery of the weld bead. This process consequently creates a denser zone of porosity, thereby
promoting the formation of the pore belt [197]. The redistribution of porosity towards the periphery
of the weld bead may be further promoted by Marangoni convection flows, driven by temperature-
dependent surface tension gradients, which influence fluid circulation and gas bubble movement
within the molten pool [220].
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Figure 39 - Cross-sections of specimens welded with (a) continuous GTAW, (b) pulsed GTAW at 80 Hz and
(c) 100 Hz.

The welding technique employed can also influence the formation of porosity within the weld
bead. Nunes et al [221] highlight how arc welding produces a wider molten zone and greater heat
dissipation to adjacent areas in comparison to alternative techniques. This results in longer
solidification times, which promote the nucleation and coalescence of porosity. This porosity tends
to accumulate in the upper part of the molten zone. The analysis of the cross-sections of the welds
suggests that continuous and pulsed GTAW welding at 80 Hz results in less porosity in the joint when
compared with pulsed welding at 100 Hz. This difference may be ascribed to the manual execution
of the welding process, which inherently involves variations in the feed rate along the bead. These
variations have the capacity to affect the solidification times, and consequently, the formation of
defects.

In order to address the issue of porosity, the LPBF AISi10Mg samples underwent a solubilisation
heat treatment at 530°C for 6 hours before the welding process. Analysis of the hydrogen content of
the AM specimens showed a decrease from 64 + 7 ppm to 49 = 5 ppm, confirming the treatment’s
effectiveness in promoting the material’s degassing. The cross-section analysis of the hybrid heat-
treated weld bead, illustrated in Figure 40, revealed a porosity reduction. This is linked to the
reduction in hydrogen content within the AM component following the heat treatment and
microstructural modification. As reported by Yi et al. [222], exposure to high temperature promotes
pore nucleation and coalescence. In some cases, it also allows hydrogen to diffuse outwards due to
its increased solubility in aluminium’s solid phase. However, the reduction in hydrogen content by
around 15 ppm suggests the heat treatment was only partially effective, potentially due to the presence
of surface oxide. Song et al. [223] highlighted that the Al,O3 oxide film that forms on the surface of
aluminium alloys represents a highly effective barrier to hydrogen diffusion, drastically reducing its
permeability.
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Figure 40 - Cross-sections of heat-treated (HT) specimens welded with (a) continuous GTAW, (b) pulsed
GTAW at 80 Hz and (c) 100 Hz.

The microstructural analysis of the cross-sections, illustrated in Figure 39 and Figure 40,
highlighted a clear heterogeneity within the joints. This heterogeneity may be attributed to the
welding speed, the heat input during the process and to an inhomogeneous mixing between the base
material and the filler metal during the welding process. The manual execution of the welding, which
inherently involves variations in welding speed along the bead, may have played a key role in
promoting such microstructural irregularities.

The high thermal conductivity of aluminium resulted in substantial microstructural modifications,
even in regions distant from the weld bead, as illustrated in Figure 41. As demonstrated in Figure 41a,
the external region of the LPBF AISi10Mg base material underwent a significant alteration of the as-
built microstructure as a result of the heat input associated with welding. In particular, the thermal
exposure led to the dissolution of the characteristic Si-rich eutectic network, while the slow cooling
rate resulted in the coarsening of both the a-Al matrix and the Si-rich precipitates, as illustrated in
Figure 41c,e. In the inner region (Figure 41d), a cellular-like microstructure remains evident.
However, the continuity of the eutectic network, as observed in the as-built condition, is evidently
disrupted. This microstructural evolution is attributed to the prolonged exposure at elevated
temperatures during the welding process and is consistent with microstructures reported for LPBF
AlSi110Mg subjected to stress-relief heat treatments in the range of 300-350°C [77,112]. Vickers
hardness measurements performed in this region revealed a significant reduction compared to the as-
built condition, with hardness values of 66 = 2 HV1 versus 113 + 9 HV1 for the as-built material.
Furthermore, hardness profiling along the LPBF AlSi10Mg BM demonstrated that even in the upper
part of the specimen, approximately 25 mm away from the weld bead, the material exhibited a
hardness value of 70 = 3 HV1. In this region, the microstructure still displays the typical melt pool
macrostructure, as illustrated in Figure 42a. However, the thermal input associated with welding
effectively subjected the material to an over-ageing treatment, promoting the coarsening of Si-rich
precipitates (Figure 42b), the loss of their coherency with the a-Al matrix and the following decrease
in hardness [51]. The results obtained demonstrate that the HAZ extends well beyond the immediate
vicinity of the weld bead, reaching the upper part of the specimens and potentially affecting both
mechanical and corrosion performance. Analogous trends were observed for all the non-heat-treated
specimens analysed, underscoring the profound impact of welding parameters on microstructural
characteristics and, consequently, on the mechanical and corrosion behaviour of fusion-welded
hybrid joints.
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Figure 41 — (a, b) Optical microscope images of the transition region between LPBF AlISi10Mg base material
and the weld zone in the 100 Hz NT specimen; FESEM micrograph of the (c) outer and (d) inner region of the
area marked in (b); (¢) High-magnification FESEM image and corresponding EDS elemental maps of the outer
region marked in (c).
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Figure 42 — (a) Optical microscope image highlighting the melt pool macrostructure and (b) high-magnification
FESEM image of microstructure in LPBF AISil10Mg base material.

The microstructural analysis of the pre-weld heat-treated specimens (Figure 43) revealed that the
typical melt pool macrostructure was completely replaced by coarsened Si particles and needle-like
Fe-rich precipitates, leading to a further reduction in hardness. In the upper region of the pre-weld
heat-treated LPBF AlSi10Mg BM, Vickers hardness measurements showed values of approximately
63 = 5 HV1 for all the heat-treated specimens. These findings are in agreement with literature data
[44,116], where prolonged high-temperature solubilisation treatments were reported to cause a
significant degradation of the mechanical properties of LPBF AlSil0Mg due to microstructural
coarsening and dissolution of strengthening features.

20 pum
b

Figure 43 — (a) Optical microscope image of microstructure in the pre-weld heat-treated LPBF AlSi10Mg base
material and (a) high-magnification FESEM image and corresponding EDS maps.

In the transition region between the LPBF AlSi10Mg to the weld bead, two zones with different
microstructures can be detected. As illustrated in Figure 44, the difference in cooling rate at different
depths in the weld resulted in different microstructures being present along the partially melted zone
(PMZ). This PMZ is an intermediate zone between the HAZ and WZ, where the temperature exceeds
the solidus but remains below the liquidus, so that the low-melting constituents, such as Si-rich
phases, melt while the a-Al matrix remain solid [224]. Figure 44b illustrates the microstructure in the
PMZ closer to the outer surface of the joints, where the cooling rate was higher resulting in equiaxed
grains surrounded by Si-rich precipitates. In the inner zone of the joints, as illustrated in Figure 44a,
the cooling rate is lower, leading to a PMZ characterised by columnar grains aligned with the centre
of the weld. Similar results were reported by Nahmany et al. [196], which identified a transition from
narrow columnar-eutectic to equiaxed-eutectic microstructure within the PMZ.
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Figure 44 — (a) Optical microscope image of the transition region between LPBF AlSi10Mg base material and
the weld zone in the 100 Hz NT specimen; FESEM micrograph of PMZ in the (b) outer and (c) inner region
of the joint.

As demonstrated in Figure 45, the central region of the weld bead displays an equiaxed-eutectic
morphology, exhibiting discernible differences between the outer and the inner region of the joint.
The outer region, in closer proximity to the welding arc (Figure 45a,c), is characterised by the
presence of equiaxed a-Al grains, which are surrounded by thin eutectic regions and very fine Mg-
rich precipitates. In contrast, the inner region, adjacent to the LPBF AlSi10Mg substrate (Figure
45b,d), shows equiaxed o-Al grains surrounded by thicker eutectic regions and coarser Mg-rich
precipitates.

In order to achieve a more detailed comprehension of the nature of these microstructural
discrepancies, EDS analyses were conducted along the weld cross-sections, as illustrated in Figure
45e. The corresponding chemical profiles reported in Figure 45f revealed that the observed
microstructural variations are closely related to local compositional differences within the weld bead.
The outer region exhibits a low silicon content, approximately around 1 wt.%, whereas the inner
region shows a significantly higher Si concentration, reaching values close to 8 wt.%. Conversely,
magnesium displays an opposite trend, its content is approximately 4 wt.% in the outer region and
decrease to about 1 wt.% in the inner region.

It is noteworthy that the chemical composition of the outer region is more closely aligned with
that of the ER5356 filler metal, as reported in Table 13, while the inner region exhibits a composition
that is more comparable to the LPBF AlSi10Mg. The microstructural and compositional gradients
within the weld bead indicate a heterogenous mixing process between the filler metal and the LPBF
AlSil0Mg.
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Figure 45 — Low- and higher-magnification FESEM micrographs and corresponding EDS elemental maps of
the microstructure in the (a,c) outer and (b,d) inner regions of the weld bead in the 100 Hz NT specimen; (e)
location of the EDS scans performed and (f) variations of Si and Mg content along the analysed cross-section.

The analysis of the weld bead cross-sections, under both NT and HT conditions, revealed a
discernible correlation between porosity distribution and the local microstructural features of the
material. Taking into account the microstructural heterogeneity arising from the non-uniform mixing
between the base materials and the filler metal, the distribution of porosity within the weld bead can
be further analysed. As demonstrated in Figure 46a,b, pores exhibit a marked preferential
accumulation in regions characterised by a-Al grains surrounded by eutectic areas that are
significantly richer in silicon than in magnesium.

These findings may be considered in contrast with the assumption reported by Xu et al. [225],
whereby a higher content of Si facilitates the reduction of pores density. The observed behaviours
can be explained by taking into account the synergistic effect between the local chemical composition,
the fluid dynamics of the molten bath and the solidification kinetics. The LPBF component acts as
the primary source of hydrogen, which is released into the molten bath during the welding process
and transported by convection induced by the thermal and compositional gradient. The addition of
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filler and the consequent surface tension gradients engender a Marangoni motion that facilitates the
movement of gas bubbles towards the A1Sil0Mg side, where they tend to accumulate in a “pore belt”
in proximity to the interface [197,220]. Furthermore, the microstructure that develops in this area is
characterised by a-Al grains surrounded by a eutectic that is rich in silicon and relatively depleted in
magnesium. The aluminium matrix solidifies more rapidly , while the residual eutectic liquid remains
at the grain boundaries during the final stages of solidification [113]. This results in the formation of
discontinuous liquid films that do not constitute an efficient network of Mg>Si-rich pathways for
hydrogen evacuation [226].

The combination of bubble accumulation due to the Marangoni effect and a eutectic morphology
that is deleterious to gas evacuation means that the bubbles that have already nucleated are unable to
escape from the molten bath before complete solidification, remaining trapped and assuming an
internal morphology that follows the contour of the eutectic microstructure [225,227], as reported in
Figure 46c¢-¢. In contrast, regions of the weld exhibiting elevated local Mg content and a greater
proportion of finely dispersed Mg>Si phases within the matrix exhibit conditions more advantageous
to hydrogen drainage towards the surrounding bath, consequently resulting in a reduced pore density.
Overall, the porosity in the hybrid joints considered in this study is governed by a close interaction
between the hydrogen content in LPBF components, an optimised mixing between filler metal and
base materials, the convective flows induced by the filler metal and the solidification kinetics.

78



Mags S00XKX  SgnalA=8502

WD= BOmm  ENT «15.00 kv WO = 5.0mm  ENT » 1500 kv

a-Al grains

Eutectic S|

Mag« 10.00 XX Signal A » 8501
WO~ L0 mm ENT = 15.00 &y

Figure 46 - Optical micrographs showing the porosity-enriched regions within the weld bead of the (a) Cont
NT and (b) 80 Hz NT; (c) low- and (d,e) high-magnification FESEM images of a representative pore,
highlighting the microstructural features inside a pore and (e) corresponding EDS elemental map.

As illustrated in Figure 47a,b, the microstructural analysis of the cross-sections of the 80 Hz HT
specimen reveals the presence of marked microstructural heterogeneities within the weld bead, even
for joints welded using different GTAW techniques. In particular, the central region of the weld bead
(Figure 47b,c) exhibits a distinct microstructural zone characterised by columnar a-Al dendrites
surrounded by Si-and Mg-rich interdendritic regions, as confirmed by the EDS elemental maps
reported in Figure 47d. The chemical composition analysis revealed silicon and magnesium contents
of approximately 0.54 wt.% and 0.63 wt.%, respectively. This composition is more similar to that of
the AW6061-T6 alloy, whereas the surrounding regions of the weld bead exhibit a microstructure and
chemical composition that is comparable to those observed in the equiaxed-eutectic regions shown in
Figure 45a,c.
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Figure 47 — Optical micrographs of the 80 Hz HT specimen showing (a) the weld bead cross-section and (b) a
magnified view of the central region; (c) low- and (d) higher-magnification FESEM micrographs and
corresponding EDS elemental maps of the microstructure in the central regions of the weld bead.

As illustrated in Figure 48 the PMZ and HAZ are observed in the cross-sections of the 100 Hz NT
and Cont HT specimens. In both cases, the weld zone exhibits a microstructure characterised by a-Al
dendritic structures surrounded by Al-Si eutectic regions, in agreement with previous observations
reported for GTAW joints of AW6061-T6 aluminium alloy welded using 5xxx-series filler metal
[228]. The partially melted zone is characterised by the presence of elongated columnar grains aligned
with the thermal gradient during the process of solidification. These grains originate by epitaxial
nucleation [229], whereby partially melted base metal grains along the fusion line act as
crystallographic substrates, transferring their crystallographic orientation to the solidifying weld
metal [230]. Adjacent to the PMZ, the heat affected zone is identified as a fully solid region in which
the peak temperature remains below the solidus. This region is characterised by the presence of
coarser equiaxed o-Al grains, which are the result of grain growth and recovery phenomena induced
by the welding thermal cycle, without the occurrence of melting.
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Figure 48 — Optical micrographs of the (a) 100 Hz NT and (b) Cont HT specimens showing the WZ, PMZ and
HAZ of AW6061.

Mechanical behaviour

These aforementioned microstructural heterogeneities observed within all the specimens analysed
may also affect the mechanical behaviour of the joints. As illustrated in Figure 49, the results of the
Vickers microhardness mapping performed across the weld bead, the heat-affected zone and the base
material demonstrate that the hardness distribution is significantly influenced by local microstructural
variations.
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Figure 49 — Microhardness distribution maps (HV0.1) across cross-sections of hybrid welds in non-heat-treated
(NT) and heat-treated (HT) conditions, obtained with different GTAW techniques: continuous (Cont), pulsed
at 80 Hz and 100 Hz.

Particularly, the regions richer in silicon content characterised by equiaxed a-Al grains surrounded
by thicker eutectic regions and coarser Mg-rich precipitates, as illustrated in Figure 45b, exhibit
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higher hardness values, approximately around 100-110 HVO0.1 (Figure 50a,b). Conversely, the
regions richer in magnesium and depleted in silicon characterised by equiaxed a-Al grains surrounded
by thin eutectic regions and very fine Mg-rich precipitates, as illustrated in Figure 45a, exhibit lower
hardness values, approximately around 75-80 HVO0.1 (Figure 50c,d). The regions where the chemical
composition is more aligned with the chemical composition of the AW6061-T6, characterised by
columnar a-Al dendrites surrounded by Si-and Mg-rich interdendritic regions, as illustrated in Figure
42, also exhibit very low hardness values, around 65-70 HVO0.1.

10 120

+ 110
+ 100

2 3 90 =
3 ‘ 38 =
a ]
£ | 3+ F
] £
o 4 9 e °
- ol f g o
3 g fATa A \ / +60 F
e ~J 3 50
32 J hoy § 5

O » N

1 fotrtiore. WAt 0
4 4 4 4 4 30

1 2 3 4 5 6ac6b 7a7b 8 9 10

- Position
S
T 10 120
d) 9 J > - S
z 9 ) Mg + 110
| $8 HV0.1 1 100
g 7 -
o T90 o
2 e . =
g’ . + 80 "
E ¥ y o
S 4 05
| 160 &
g 3 4 - =
g 2 4 T 50
O . ) 40
“s B b . . ) 0 30

1T mm . 12 34567 8 91011121314
| | Position

4

Figure 50 — (a,c) Vicker microhardness maps and (b,d) corresponding chemical composition and hardness
profiles measured along the red-marked paths in the cross-sections of the 100 Hz NT and 80 Hz HT specimens.

As illustrated in Figure 49, the hardness maps provide a clear representation of the impact of the
various GTAW techniques. In the Cont specimens, the greater variation in hardness is observed
between the NT and HT conditions. However, the weld beads demonstrate a comparatively uniform
hardness distribution, indicative of effective mixing between the filler metal and the base materials.
The primary distinction between NT and HT lies in the pre-weld heat treatment process. Nevertheless,
the manual execution of welding is likely to introduce local variations in feed rate and travel speed,
which can influence solidification time, defect formation and mixing efficiency along the weld bead.
It is evident that this aspect constitutes a primary factor in the determination of the quality of the
weld. For the continuous GTAW specimens, the intrinsically higher thermal input of this technique
leads to an extended HAZ with significantly reduced hardness values, approximately of 65 - 70
HVO0.1, as expected for longer thermal cycles and enhanced grain growth [231].

The 80 Hz NT and HT joints (Figure 49) have comparatively uniform weld beads characterised
by higher and more evenly distributed hardness than those obtained with continuous GTAW. This
behaviour is primarily linked to the ability of pulsed GTAW to reduce the average heat input while
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increasing the instantaneous power density during the current peaks and thus promoting faster
solidification and finer microstructure in the weld zone [232]. Despite the lower nominal heat input,
the HAZ remains quite extensive, consistent with the previously discussed microstructural
observations. This may be attributed to the high thermal conductivity of aluminium alloys and
potentially to an incorrect welding speed.

Joints welded using pulsed GTAW at 100 Hz exhibit the highest hardness values within the weld
bead of all the investigated conditions. However, these hard regions are more localised, indicating
less uniform mixing of the filler metal and base materials. Using a higher pulsing frequency increases
the effective thermal input compared to lower frequency GTAW due to the more frequent repetition
of high-current peaks and stronger arc constriction [233]. Consequently, the HAZ in the 100 Hz
specimens exhibits hardness values of approximately 50 - 55 HV0.1, which is lower compared to 80
Hz condition. This is coherent with the more pronounced grain growth and recovery phenomena
induced by the higher thermal load during welding [229].

Corrosion behaviour

The analysis of the cross-sections of the hybrid joints after the intergranular corrosion test
highlighted a variable susceptibility to corrosion phenomena within the weld bead, Figure 51. The
100 Hz NT specimen, during the preparation phase, was damaged and it was not possible to subject
this specimen to the corrosion test.

As for the mechanical performance, the corrosion behaviour of the hybrid joints analysed seems
to be strongly affected by microstructural features.

Cont 80 Hz 100 Hz

Figure 51 - Cross-sections of hybrid welds in non-heat-treated (NT) and heat-treated (HT) conditions, obtained
with continuous GTAW (Cont), pulsed GTAW at 80 Hz and at 100 Hz after intergranular corrosion test.

As shown in Figure 51, all the joints analysed exhibited a corrosion susceptibility strongly linked
to the microstructural features observed within the weld bead. Similar microstructural features were
observed across all analysed specimens. However, for the sake of clarity, the reported features capture
the main trends consistently observed throughout the investigation.
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As extensively reported in the scientific literature, the selective corrosion behaviour of LPBF
AlSi10Mg is strongly associated with the melt pool macrostructure and with the distribution of second
phases, particularly along the melt pool boundary [53,54,77]. As stated by Zhang et al. [234], the
application of direct ageing treatments to this alloy promotes silicon precipitation, leading to
enhanced mechanical properties while simultaneously reducing corrosion resistance. It has been
demonstrated that when elevated ageing temperatures or prolonged exposure times are employed, the
alloy undergoes over-ageing, resulting in the coarsening of Si-rich precipitates within the
microstructure [77].

As previously discussed, the non-heat-treated LPBF AlSi10Mg in regions far from the weld bead
was nevertheless subjected to an over-ageing condition induced by the welding thermal cycle. This
resulted in a melt pool macrostructure characterised by an increased amount of Si particles dispersed
within the aluminium matrix, particularly along the melt pool boundaries [235]. Furthermore, the
occurrence of Si precipitates within the melt pool centre was observed, resulting from the thermal
input associated with the welding process. This phenomenon can be attributed to the enhanced
diffusion and redistribution of silicon within the aluminium matrix [117]. This microstructural
evolution promotes more severe localised corrosion attacks, resulting in the characteristic melt pool
dropping morphology observed in Figure 52a,b. In this condition the corrosion mechanism is
governed by micro-galvanic coupling between the a-Al matrix and the Si-rich precipitates, as
observed in the as-built condition [234].

Moving closer to the weld bead, the increased thermal input associated with the FSW process
induces more pronounced microstructural modifications. Consequently, the corrosion morphology
gradually evolves towards a more widespread attack, as demonstrated in Figure 52c,d. This is
indicative of reduced microstructural contrast and the partial homogenisation of the Si distribution
within the aluminium matrix.
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Figure 52 — Low- and high-magnification FESEM images of corrosion attacks observed in the (a,b) base
material far from the weld bead and in the (c,d) HAZ in proximity of the weld metal of LPBF AISil10Mg.

In the heat-treated specimens, as previously discussed, the LPBF AlSilOMg component
underwent a solubilisation treatment at 530 °C, resulting in a microstructure characterised by a-Al
grains and coarsened Si particles (Figure 43) with significantly reduced mechanical properties. This
heat treatment has also been demonstrated to affect the corrosion behaviour of LPBF AISi10Mg. As
illustrated in Figure 53a, the microstructural modification imposed by the heat treatment modified the
corrosion behaviour of LPBF AlISi10Mg in comparison with the as-built condition, leading to a
generalised corrosion morphology, in agreement with those reported by Cabrini et al. [65].
Proceeding towards the weld bead, the impact of elevated welding thermal input amplifies the
susceptibility to selective corrosion, with pronounced attacks penetrating an average depth of 362 +
34 um for all specimens analysed, with a maximum depth of approximately 577 um, as illustrated in
Figure 53b. Figure 53c¢,d clearly reveal the intergranular morphology of the corrosion process, driven
by the galvanic coupling between the a-Al grains and the coarser Si-rich precipitates [59].
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Figure 53 — Optical micrographs of corrosion attack in the 80 Hz HT specimen; (a) generalised corrosion in
the HAZ far from the weld zone; (b,c) low-magnification images and (d) high-magnification FESEM image
with corresponding EDS elemental map showing selective corrosion attacks in HAZ adjacent to the weld bead.

According to Figure 54a, the corrosion attack appears to occur initially in the weld metal close to
the LPBF AISi10Mg side and then to extend into the adjacent HAZ. In the HAZ, the corrosion
mechanism is consistent with the previously described process, characterised by the preferential
dissolution of the Al matrix along the over-aged eutectic regions. In the upper part of the weld zone,
corrosion propagates along the Al-Si-Mg eutectic network, Figure 54b. As observed in Figure 54c,
Al in the eutectic phase is selectively dissolved by micro-galvanic coupling with Si-containing
intermetallics. Mg-bearing phases, such as Mg»Si, act as sacrificial anodes and affect the morphology
and extent of the local attack [236]. This corrosion attack, which was consistently observed in the
same region for all specimens that were tested, penetrate deeply into the weld metal, reaching an
average depth of 720 + 108 pm. EDS analysis carried out in this area indicate an average local
composition of approximately 9 wt.% Si and 1 wt.% Mg for the region exhibiting this corrosion
morphology.

The aforementioned observations are consistent with the hypothesis proposed by McCloy et al.
[237] for similar SLM AISi10Mg-AA6082 joints, where the weld metal region adjacent to the SLM
component exhibits a mixed Al-Si-Mg chemistry. McCloy et al. further hypothesised that the
compositional gradient between the SLM HAZ and the weld metal is expected to enhance local micro-
galvanic interactions and to promote the localisation of corrosion in this specific region of the weld
bead.
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Figure 54 — (a) Optical micrograph of the corrosion attacks in the weld zone on the LPBF AlSi10Mg side of
Cont HT specimen; (b) low-magnification FESEM image of corrosion attack within the weld bead; (c) high-
magnification FESEM image and corresponding EDS elemental maps of the selective corrosion attack.

Proceeding towards the central region of the weld bead, in the proximity of the weld spot, the
corrosion exhibits significant deviation from the previously described patterns, Figure 55a. As
illustrated in Figure 55b, the exposed surface of the Cont HT specimen exhibits a microstructure
characterised by equiaxed a-Al grains, surrounded by thin eutectic films and Mg-rich precipitates. In
this region, corrosion is predominantly superficial and manifest as an interdendritic attack [237],
controlled by micro-galvanic coupling between eutectic Al and Si-containing precipitates, Figure 55c.
the presence of Mg-rich phases still results in a slight enlargement of the affected area. Across all
specimens, regions exhibiting this morphology demonstrate an average penetration depth of 105 + 15
um, and EDS analyses indicate an average local composition of approximately 5 wt.% Si and 1.5
wt.% Mg. this composition demonstrates a more homogeneous mixing of the ER5356 filler and the
LPBF AlSi10Mg, with Si and Mg contents that correspond to those od the base materials. The
enhanced mixing of the weld is therefore associated with a substantial reduction in the susceptibility
to deep intergranular corrosion.
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Figure 55 - (a) Optical micrograph of the corrosion attacks in the cental region of weld zone in the Cont HT
specimen; (b) low-magnification FESEM image of corrosion attack penetrating into the weld metal; (c) high-
magnification FESEM image and corresponding EDS elemental maps of the selective corrosion attack.

In the Cont HT specimen, Figure 56a, a third region was identified within the weld bead with a
corrosion behaviour completely different from those described above. In this area, the attacks
penetrate to a greater depth than in the adjacent regions, with an average depth of approximately 363
+ 17 um. The microstructure observed in Figure 56b is different and the chemical composition
analysis reveal an average content of 0.5 wt.% Si and 7 wt.% Mg, values that closely approximate
the composition of the ER5356 filler metal. The position of the region in proximity to the weld spot
suggest limited mixing between filler and base materials. The EDS maps in Figure 56C suggest a
microstructure consisting of o-Al grains surrounded by fine Si-rich precipitates and a high
concentration of Mg accumulated along the grain boundaries. Wei et al. [238], reported that, in welds
with Al-Mg filler metals such as ER5356, the corrosion resistance of the weld zone is strongly
dependent on the amount and distribution of B-AlgMgs/Mg-rich phases at the grain boundaries. More
dispersed precipitates lead to surface pitting, while almost continuous networks facilitate the
transition to deeper intergranular attacks. In the AISi10Mg—AA6082 SLM system analysed by
McCloy [237], welds made with ER5356 show very high mass loss and intergranular morphologies,
attributed to the higher Mg content of the filler and the possibility of forming sensitised
microstructures. In the region of the weld dominated by the chemistry of 5356, the presence of
continuous Mg-rich precipitates along the grain boundaries lead to micro-galvanic coupling,
favouring the preferential dissolution of a-Al and Mg-rich phases. This allows intergranular attack to
propagate deep into the weld metal, as evidenced by the attacks observed in Figure 56c¢.
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Figure 56 - (a) Optical micrograph of the corrosion attacks in the weld zone of the Cont HT specimen; (b) low-
magnification FESEM image of corrosion attack penetrating into the weld metal; (c) high-magnification
FESEM image and corresponding EDS elemental maps of the selective corrosion attack.

Table 9 presents the average depth of corrosion attacks measured in the regions of hybrid joints
mentioned above, together with the values obtained for the LPBF AlSi10Mg alloy in its as-built
condition [60]. In the regions distant from the weld bead, both in the untreated specimens, NT, and
in those subjected to pre-weld heat treatment, HT, there was a generalised corrosion over the entire
surface, Figure 52 and Figure 53. Consequently, it was not possible to define a representative
penetration depth. However, the as-built material exhibited a substantially deeper level of attack,
consistent with the recognised susceptibility to selective corrosion of the cellular microstructure
characteristic of LPBF AISi10Mg [77], as illustrated in Figure 57. Moving towards the weld bead,
the NT HAZ displays a significant reduction in penetration depth compared to as-built condition,
while preserving the same Si/Mg ratio. This finding suggests that the thermal cycle imposed by
welding alone is sufficient to modify the LPBF microstructure in a way that mitigates selective
corrosion, as discussed in the preceding sections. In specimens subjected to pre-weld heat treatment,
the HAZ demonstrates higher penetration values in comparison to the NT HAZ, while remaining
lower than the as-built. This observation suggests that further coarsening and the formation of
secondary phases at the grain boundaries can locally augment susceptibility [67].
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Table 15 — Local Si and Mg content, Si/Mg ratio and average corrosion depth measured in the different regions
of the hybrid joints.

Si(wt. %) Mg (wt. %) Si/Mg (wt. %) Average depth (um)
AlSil0OMg AB 10.3 0.36 28.6 539 +271
AlSilOMg NT 10.3 0.36 28.6 -
AlSil0OMg NT HAZ 10.3 0.36 28.6 147 + 17
AlSilOMg HT 10.3 0.36 28.6 -
AlSilOMg HT HAZ 10.3 0.36 28.6 362 +34
AWG6061-T6 0.6 1 0.6 0
Zone 1 9 1 9.0 804 £ 161
Zone 2 5 1.5 33 119 £ 25
Zone 3 0.5 7 0.1 363+ 17
1200
1000 +
: A AISi10MgAB
E 800 T A AISi10MgNT HAZ
£ - A AlSi10MgHT HAZ
Z 600 1
@ . a © AWB061-T6
:LE' 400 ¢ i ® fonel
= +
<
- Zone 2
200
8 ‘ ® Zone 3
0 +— : g
0 10 20 30 40

Si/Mg (wt.%)

Figure 57 — Average corrosion depth versus Si/Mg ratio for the different regions of the LPBF AlISi10Mg —
AW6061-T6 hybrid joints.

When considering the central region of the weld, three characteristic zones were identified, each
exhibiting a distinct local chemistry and corrosion response. Zones 1, located on the LPBF AlSi10Mg
side, correspond to the region shown in Figure 54 and exhibited the highest penetration depth, despite
a decrease in the Si/Mg ratio. This behaviour suggests that, in this region, the combined effect of
local compositional gradients and microstructural features promotes intense micro-galvanic activity
and deep attack. Zone 2 (Figure 55), in closer proximity to the dead centre, exhibited a higher
contribution from ER5356 filler metal, consequently resulting in a lower Si/Mg ratio. In this area, the
penetration depth was significantly reduced, suggesting that a more balanced local chemical
composition and a more homogeneous eutectic morphology result in a comparatively lower corrosion
susceptibility. Zone 3 (Figure 56) demonstrated the lowest Si/Mg ratio within the weld bead.
Nevertheless, the penetration depth exhibited an increase once more. This emphasises the deleterious
role of Mg-rich precipitates along the grain boundaries in promoting selective corrosion when the
weld chemistry shifts locally towards the filler metal.
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This study has investigated the corrosion behaviour of GTAW hybrid joints. The investigation
revealed that the behaviour is governed by a strong interplay between local chemical composition,
microstructural architecture and the degree of mixing between the filler and base materials. From a
processing perspective, both continuous and pulsed GTAW conditions resulted in weld beads
exhibiting compositional heterogeneity. These findings suggests that further optimisation of welding
parameters and, potentially, filler metal selection is necessary to enhance the uniformity of mixing
and, consequently the mechanical and corrosion performance of hybrid joints.

4.3.2 Solid-state welding of LPBF AISi10Mg to AW6082 T6

4.3.2.1 Materials and methodology

The additive manufactured specimens were fabricated using the same printing machine,
parameters and alloy powder used in the manufacturing process of the mock-ups for GTAW hybrid
joints, previously discussed. The LPBF AlSi10Mg sheets were printed with dimensions equal to 150
x 50 x 4 mm. The AW6082-T6 samples were plate-shaped, with dimensions of 150 x 50 x 4 mm.
Their chemical composition and mechanical properties are reported in Table 16 and Table 17.

Table 16 - Chemical composition (wt.%) of the base materials LPBF AlSi10Mg and AW6082-T6.

Elements (wt.%) Al Si Mg Fe Cu Mn Zn Cr Ti
AlSil0Mg bal. 10.3 0.36 <0.55 <0.05 <045 <0.10 - <0.15
AW6082-T6 bal. 1.01 0.88 0.30 0.05 0.55 0.02 0.01 0.01

Table 17 - Mechanical properties of AlSi10Mg and AW6082-T6.

Material Ultimate Tensile Strength Yield stress Elongation Young Modulus
UTS; Oys A% E;
(MPa) (MPa) (GPa)
AlSi10Mg 440 £ 30 240 £ 20 6+3 70
AW6082-T6 349 304 14 70

The solid-state welding process was performed using a Famup MC60 Evolution CNC machine,
where the sheet metal pieces were mounted, clamped, and subsequently welded by friction. The
welding process takes place with the sheet securely fixed on a plate inclined at 3° to ensure the tilt
angle. The geometry of the conventional tool (Figure 58a) includes a shoulder with a diameter of 16
mm and a height of 20 mm, while the pin has a truncated conical shape with a base diameter of 6 mm
and a smaller diameter of 4 mm. The process was carried out with a constant travel speed (F) equals
to 60 mm/min and two different rotation speeds (S) equal to 1000 rpm (low heat input) and 2000 rpm
(high heat input). In this study, similar and hybrid FSW joints were analysed. For the hybrid joints,
the relative positions of both the alloys were varied, i.e AlSil0Mg alloy plates were placed
interchangeably on the advancing side of AW6082-T6 alloy for both rotational speeds. The FSW
conditions for different welded joint are shown in Table 18.

Subsequent to the welding process, specimens for tensile testing, hardness, corrosion and
microstructure analysis were prepared, as shown in Figure 58b. The specimens were tested in the as-
built condition (NT).
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Figure 58 — (a) Traditional C40 tool geometry and (b) specimen layout on FSW welded sheet.

Table 18 - FSW parameters used for the similar and dissimilar joining of AISi10Mg and AW6082-T6 alloy.

Designation Joint Process Material positioning Rotational  Travel

configuration condition  Advancing side, Retreating side, speed, S speed, F
AS RS (rpm) (mm/min)

FSW Similar Low heat AW6082-T6 AW6082-T6 1000 60

AW6082-T6 input

(L)

FSW Similar High heat AW6082-T6 AW6082-T6 2000 60

AW6082-T6 input

(H)

FSW Similar Low heat AlSil0Mg AlSil0Mg 1000 60

AlSi10Mg input

(L)

AW6082-T6 Hybrid Low heat AW6082-T6 AlSil0Mg 1000 60

/AISi10Mg input

L)

AlSi10Mg/ Hybrid Low heat AlSil0Mg AW6082-T6 1000 60

AW6082-T6 input

L)

AlSi10Mg/ Hybrid High heat AlSil0Mg AW6082-T6 2000 60

AW6082-T6 input

H)

Microstructural analysis was performed on cross sections perpendicular to the welding direction.
In order to obtain a surface finishing suitable for micrographic analysis the specimens were
mechanically polished with SiC papers up to 4000 grid and then with a 1 pm diamond suspension.
The microstructures were revealed by chemical etching with Keller and Weck reagent, analysed using
digital-optical microscope Keyence VHX-7100 and a Gemini Sigma 300 field emission scanning
electron microscope (FESEM), equipped with an Oxford x-act probe for energy-dispersive X-ray
spectroscopy (EDS).

To evaluate the mechanical properties of the joints, tensile tests were carried out using dog-bone-
shaped specimens with a 32 mm? cross section, 43 mm parallel length, and 32 mm gauge length,
compliant with the ISO 6892-1 standard. The specimen geometry was obtained by machining
transverse to the welding direction, as schematically represented in Figure 58b. The tensile tests were
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carried out using a Galdabini Sun 5 universal testing machine equipped with a 50 kN load cell. These
tests were performed in laboratory environment conditions under displacement control, adopting a
cross-head speed corresponding to a nominal strain rate of 2.5:10*s™!. A preliminary preload of 200
N was applied in order to ensure correct alignment and elimination of slack in the gripping system
before starting the data acquisition. For each welding condition, at least two specimens were tested,
recording load and displacement data up to failure. Vickers microhardness tests were performed in
accordance with UNI EN ISO 6507-1, utilising a load of 0.1 kg and a loading time of 10 s in order to
evaluate the hardness distribution within the joints.

Intergranular corrosion tests were performed in accordance with the EN ISO 11846 standard
(Method B). The specimens were mechanically ground with SiC papers up to 2400 grit. The
specimens were then degreased with acetone, immersed for 3 minutes in a sodium hydroxide solution
(8% by weight at 55 + 2 °C), rinsed in water, immersed for 2 minutes in concentrated nitric acid,
rinsed in distilled water and dried. Subsequently, the specimens were immersed in the test solution,
containing 30 g/L sodium chloride and 10 mL/L concentrated hydrochloric acid, at room temperature
for 24 h. The temperature of the test solution was maintained within a range of 21 - 25 °C. Afterwards,
the samples were rinsed in distilled water and dried. Corrosion products were removed with a non-
metallic brush, followed by a systematic rinsing in distilled water, immersed for 30 seconds in
concentrated nitric acid, then immersed in an ultrasonic bath of acetone and subsequently allowed to
dry. A metallographic section perpendicular to the exposed surface was evaluated in order to
determine the presence and depth of the attacks.

4.3.2.2 Experimental strategy and parameter selection

The experimental campaign was designed to progressively transfer an already validated parameter
window from similar to hybrid joints, as evidenced by the available literature of FSW of 6xxx alloys
and additively manufactured AISi10Mg. The parameters that have the strongest impact on the
mechanical properties of FSW joints are rotational speed and travel speed. For FSW of 6xxx alloys,
numerous studies have been reported that analyse different configurations of rotational speed and
travel speed and their effect on mechanical properties [201,239-241]. In order to analyse this dual
effect, many authors introduce the S/F ratio to compare different parameters. This ratio thus serves
as an indirect measure of the thermomechanical energy introduced per unit of welding length [242].
It has been established that an elevated ratio is associated with elevated thermal input and augmented
stirring effect within the nugget. However, this is concomitant with an augmented risk of defects and
the softening of the weld [243]. Conversely, a lower ratio may be indicative of insufficient energy
and problems related to lack of mixing or tunnel defects [244]. Therefore, this S/F ratio is highly
useful during preliminary assessment and comparison of welding parameters when the tool geometry
and welding configurations are maintained constant.

A survey of welding parameters reported in the literature for friction stir welding of aluminium
alloys highlights distinct trends depending on the material system. In the case of analogous joints
involving 6xxx series alloys, the majority of studies adopt S/F ratios of a relatively low to intermediate
value, typically below 20, with the aim of minimising excessive heat input and avoiding pronounced
softening associated with precipitate dissolution in the heat-affected zone [204,243,245]. In the case
of similar LPBF AISi10Mg joints, the reported welding conditions generally shift towards
intermediate S/F ratios. This is indicative of the necessity for elevated thermomechanical input in
comparison to wrought alloys, with the objective of facilitating effective material flow, disrupting the
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Si-rich eutectic network that is characteristic of additively manufactured microstructures, and
ensuring adequate joint consolidation [174,202,203]. The existing literature demonstrates a wider
dispersion of welding parameters for hybrid joints between LPBF AISi10Mg and conventional
aluminium alloys. A number of studies have explored intermediate-to-high S/F ratios, suggesting that
increased heat input and stirring intensity may be required to accommodate the strong microstructural
and mechanical asymmetry between the additively manufactured and wrought materials, and to
enhance mixing across the joint interface [215,216].

This study has selected two representative S/F regimes, an intermediate and a higher ratio, as
candidate parameter windows for experimental investigation, on the basis of prevailing literature
trends. The experimental activity first assessed similar AW6082-T6 welds at two rotational speeds
(S = 1000 — 2000 rpm) and constant travel speed (F = 60 mm/min), corresponding to S/F ratio
of 16.7 and 33.3, respectively. Based on the findings derived from the experimental analysis of the
wrought alloys, the welding condition that was identified as the reference parameter set was
determined to be characterised by a rotational speed of 1000 rpm and a travel speed of 60 mm/min.
This condition was then applied to similar LPBF AlSi10Mg joints to evaluate whether the S/F =
16.7 identified for AW6082-T6 could also ensure satisfactory welding efficiency when applied to an
additively manufactured material, characterised by a markedly different microstructure.

Subsequent to this validation step, the same welding parameters were applied to hybrid LPBF
AlSi10Mg — AW6082-T6 joints. In this instance, the advancing and retreating side configuration was
defined in accordance with established literature guidelines on material flow and heat input control
in dissimilar FSW. Following mechanical screening, the configuration characterised by a rotational
speed of 1000 rpm and a travel speed of 60 mm/min was identified as the most promising for hybrid
joints. Consequently, the detailed investigation of microstructure-property relationships was focused
on this condition, including microstructural analysis across the weld zones, hardness mapping,
intergranular corrosion testing and local electrochemical measurements using a microcell.

4.3.2.3 Results and discussion

The engineering stress-strain curves obtained for similar and hybrid FSW welded joints are shown
in Figure 59. The performance were evaluated based on ultimate tensile strength (UTS), 0.2 % yield
strength (oy) and joint efficiency, illustrated in Table 19. The joint efficiency was evaluated based on
the ratio between the ultimate tensile strength of FSW joint and the UTS; related to the base material
(Table 17). For hybrid joints it was used the lower value between the two different aluminium alloys,
thus the ultimate tensile strength of the AW6082-T6.

Starting from the similar FSW joints between AW6082-T6, from Figure 59 and Table 19 it can
be seen that both FSW joints exhibit comparable mechanical properties, joint efficiency (62 %) and
a fracture located in the TMAZ/HAZ of the retreating side. In the case of 6xxx alloys in T6 condition,
a thermal input, like those generated during the welding process, promote the dissolution and
coarsening of strengthening precipitates [246]. This led to a softening within the TMAZ and HAZ of
the FSW joints, while the intrinsically thermal asymmetry related to FSW process contribute to
localise this minimum-strength zone into the retreating side [247]. Despite the different S/F ratios,
both parameter sets produced comparable softening in both joints. As reported by Ma et al [248],
increasing the rotational speed led to a higher thermal input and an expected further reduction of the
mechanical properties, but if the heat input is sufficient to induce extensive precipitate dissolution
and coarsening, further increases in the welding parameters affecting the thermal input do not
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necessarily result in a proportional reduction in tensile strength. Based on this consideration, in order
to reduce the risk of defects related to heat-input and excessive softening in the HAZ/TMAZ and to
provide a more energy-efficient process [201], the S/F = 16.7 was identified as the possible best
solution also for the hybrid welds.

Figure 59 - Engineering stress-strain curves for similar and hybrid FSW joints.
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Table 19 - Tensile properties, joint efficiency and fracture location of similar and hybrid FSW joints.

Designation S/F Oy UTS A% Joint Fracture location
(MPa) (MPa) efficiency (%)
AS/RS Zone
FSW AW6082- 16.7 84 +9 201 +2 11.0+£0.3 62+1 RS TMAZ/HAZ
T6 (L)
FSW AW6082- 333 80+ 20 200 + 4 11.7+£0.5 62+1 RS TMAZ/HAZ
T6 (H)
F AlSi10M 1
SWASIHOME 167 3752 26022 105+1 74+ 1 Weld Sz
(L) centre
AW6082-T6
+ + + +
JAISi10Mg (L) 16.7 55+8 235+4 8.7+0.2 72+£1 AS HAZ
AlSi10Mg/
16. 41 214+ 4 REDH 59+1 R HAZ
AW6082-T6 (L) ! ? ? 7 ? S
AlSi10Mg/ Weld
333 37+3 190 + 1+£04 56+3 Z
AW6082-T6 (H) 7 909 7 centre S

Based on the results reported in Figure 59 and Table 19, a rotational speed of 1000 rpm and travel
speed of 60 mm/min, with a S/F ratio of 16.7, could represent a good solution, leading to a quite high
joint efficiency (74%). In accordance with the literature [249,250], in the case of similar FSW joints
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between LPBF AlSi10Mg alloy, the weakest region within the weld is the stir zone due to the
dissolution of the as-built Si-rich network and the promotion of coarsening and re-distribution of Si
particles. For LPBF AlSi10Mg alloy the use of a rotational speed (S) approximately of 750-1200
rpm and a travel speed (F) in a range of 40-80 mm/min could represent the best suitable conditions
to obtain good mechanical properties and joint efficiency, avoiding excessive softening in HAZ and
weld defects [250,251].

Subsequent to the validation steps performed on similar AW6082-T6 and LPBF AISi10Mg joints,
the selected welding parameter sets were applied to hybrid joints. As previously discussed, the
mechanical behaviour of friction stir welded joints is significantly influenced by the inherent process
asymmetry between the advancing side (AS) and the retreating side (RS). This aspect assumes
particular significance in the case of hybrid joints, where the two base materials exhibit markedly
different mechanical and microstructural characteristics. Therefore, for the welding condition
identified as the most suitable for the present study (S/F = 16.7), both material configurations were
analysed. In this instance, the LPBF AlISi10Mg alloy was positioned on the advancing side and on
the retreating side. This approach enabled the direct assessment of the influence of material
positioning on joint performance under identical welding conditions. The analysis was also extended
to the welding condition characterised by a higher S/F ratio (S/F = 33.3). In this instance, due to the
limited number of available specimens, only one material configuration was investigated, with the
LPBF AlSi10Mg alloy positioned on the advancing side. This choice was guided by the results
reported by Thakur et al. [215], who demonstrated that, under high heat input conditions (S/F = 30),
positioning the LPBF material on the advancing side leads to improved joint efficiency compared to
configurations with the additively manufactured alloy placed on the retreating side. The tensile test
results presented in Figure 59 and Table 19 demonstrate that the welding condition characterised by
an S/F ratio of 16.7 provides superior mechanical properties in comparison to the higher S/F
configuration, irrespective of material positioning. These findings provide further support for the
selection of S/F = 16.7 as the optimal parameter window for hybrid FSW joints in the present study.

The tensile tests highlighted that the specimen AW6082-T6/A1S110Mg (L), with AlSi10Mg on
the RS side, the well-known weakest region, results in the best mechanical performance, with a UTS
equal of 235 + 4 MPa and a joint efficiency of 72 + 1. Despite the position of AISi10Mg or AW6082-
T6 within the joints, the fracture was located in the AW6082-T6 side, within the HAZ, as illustrated
in Figure 60.

AWG0B2-T6 AlSITOMg  AISI10Mg AWEG082-T6
Advancing side Retreating side  Advancing side Retreating side

(b)

Figure 60 - Fractured location of (a) AW6082-T6/Al1Si10Mg (L) and (b) AISi10Mg/AW6082-T6 (L) hybrid
joints.

As demonstrated in Figure 61, the microstructural analysis and microhardness mapping of the
AW6082-T6/AlISi110Mg (L) cross-section offer a more profound understanding of the microstructural
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characteristics that govern the observed mechanical behaviour. A notable outcome of this analysis is
the complete absence of gas porosity within the weld bead, which is consistent with the solid-state
nature of the FSW process, as no melting or gas entrapment occurs during the joining process.
Moreover, the observation of a lack of welding defects within the stir zone serves to corroborate the
hypothesis that the selected welding parameters are well suited to this specific joint configuration.
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Figure 61 — (a) Optical cross-section macrograph of AW6082-T6/AISi10Mg (L) specimen and (b) relative
microhardness map.

As previously discussed, the HAZ on the AW6082-T6 side exhibits a microstructure characterised
by grain coarsening and precipitate dissolution, Figure 62a. This effect becomes increasingly
pronounced when approaching the TMAZ, as a consequence of the progressively higher thermal input
experienced during the welding process. The hardness values presented in Figure 61b corroborate the
softening of the HAZ relative to the base material, emphasising a substantial reduction in hardness at
the transition with the TMAZ. The systematic localisation of fracture within the HAZ of the AW6082-
T6 side is consistent with the results reported by Thakur et al. [112], who demonstrated that joint
failure in dissimilar FSW joints is governed by the locally softened region of the wrought alloy. In
this context, precipitate dissolution and coarsening induced by the welding thermal cycle represent
the primary factors responsible for this behaviour.

The TMAZ is subjected to both intense plastic deformation and thermal exposure, resulting in a
partially recrystallised microstructure characterised by locally refined grains (Figure 62b) due to
partial dynamic recrystallisation (DRX). As demonstrated in Figure 61b, the hardness increases
progressively due to reduced precipitate coarsening and partial dissolution in comparison to the HAZ
[252].

As illustrated in Figure 61a and Figure 63, within the stir zone a clear distinction between the two
base materials is observed in terms of both chemical composition and microstructural features, as also
reported for dissimilar FSW joints [201,211]. In the case of the AW6082-T6 side, dynamic
recrystallisation results in the formation of fine equiaxed grains, coupled with significant precipitate
dissolution. This phenomenon led to a reduction in hardness with respect to the base material, but
higher than those measured in the HAZ, as demonstrated in Figure 61b. In the AlSi10Mg alloy, the
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stir zone is distinguished by the presence of fine equiaxed a-Al grains and a relatively homogeneous
distribution of Si-rich precipitates, as illustrated in Figure 62d. Despite the evident refinement of the
grain, the disruption of the original Si-rich eutectic network results in a substantial reduction in
hardness when compared to the LPBF base material.

The fine-grained microstructure that develops within the stir zone on both sides of the joint plays
a pivotal role in the enhanced mechanical performance observed for the AW6082-T6/A1Si110Mg (L)
configuration in comparison to the AISi10Mg/AW6082-T6 (L) specimen. During the process of
FSW, the advancing side (AS) is subjected to a slightly higher thermal input and more intense plastic
deformation compared to the retreating side (RS) [253]. This condition has been shown to promote a
marginally higher degree of grain refinement on the AS, both within the stir zone and in the adjacent
regions [254]. In accordance with the Hall-Petch strengthening mechanism [255], the presence of
finer equiaxed grains in the HAZ on the AW6082-T6 side, which constitutes the weakest point,
resulted in an increase in tensile strength. The enhanced mechanical performance observed when the
AlSi10Mg alloy is positioned on the retreating side can therefore be attributed to differences in
material flow and mixing within the stir zone. Effective mixing between the base materials is a critical
factor in promoting mechanical interlocking within the nugget, which in turn facilitates a more
homogeneous load transfer across the interface [256].

As demonstrated in Figure 62e, the TMAZ on the AlSil0Mg side displays a microstructure
distinguished by re-oriented and deformed grains [215], and most significantly by a Si network that
is already markedly disrupted. Within the HAZ on the AlSi10Mg side, as illustrated in Figure 61a
and Figure 62f, the melt pool macrostructure typical of the LPBF process is still discernible; however,
a partial breakdown of the Si-rich network is observed, resulting in a reduction in hardness compared
to the base material, as confirmed by the hardness profile reported in Figure 61b.

AWE082-T6 HAZ TMAZ E] 2 EI W= HAZ AISi10Mg
(] (2] 1]
A S it

Figure 62 — Schematic representation of the cross-section of the AW6082-T6/AlSi10Mg (L) specimen and
FESEM micrograph of the representative microstructure: (a-c) microstructure of BM, HAZ, TMAZ and SZ,
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respectively, in the AW6082-T6 side; (d-f) microstructure of BM, HAZ, TMAZ and SZ, respectively, in the
AlSi10Mg side.
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Figure 63 — FESEM macrograph of (a) the stir zone on the AW6082-T6 side, (b) the stir zone on the AlSil0Mg
side and (c) the transition zone across AW6082-T6/AlSi110Mg interface, with EDS elemental maps.

The microstructural heterogeneity within the joints exerts a significant influence on both their
mechanical response and their corrosion behaviour. To selectively investigate the electrochemical
behaviour of the different regions within the joints, local potentiodynamic polarisation tests were
performed using an electrochemical microcell in collaboration with the research group of Prof.
Francesco Andreatta (University of Udine). The subsequent surface analyses (Figure 45) enable a
direct correlation between local electrochemical response and metallurgical features [257].

As illustrated in Figure 64, the potentiodynamic curves measured in the various regions of the
joints demonstrate significant variations. For both alloys, a typical Al-Si-Mg response is observed,
with an anodic branch characterised by a more or less extended passive region and, at higher
potentials, by a sharp increase in current density associated with pit initiation on the exposed surface
[55]. In the case of the AW6082-T6 alloy, the base material exhibits a more stable passive range than
the HAZ, TMAZ, SZ. This behaviour can be associated with a gradual loss of passivating capability
as the distance from the weld centreline decreases. This variation in behaviour is particularly evident
in the AlSi10Mg alloy. The base material displays a broad passive region, with the current density
increase being related to pitting initiation only at potentials exceeding 1 V vs SCE. As the specimen
moves towards the weld centre, the extent of the passive domain decreases, indicating a progressive
reduction in the stability of the alumina film covering the surface [45].
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Figure 64 — Polarisation curves of (a) AW6082-T6 side and (b) AlSi10Mg side evaluated on the upper surface
of the AW6082-T6/A1Si10Mg (L) specimen.

As demonstrated in Figure 65a, the corrosion potential exhibits moderate variations between the
distinct regions of the joint on the AW6082-T6 side, in accordance with the findings reported for
FSW welded 6xxx alloys [198]. The current density also remains of the same order of magnitude
along the weld, with a slight increase at the HAZ and TMAZ, Figure 65b. This suggests that
susceptibility to generalised corrosion is only slightly accelerated in these regions, where over-
precipitation and free-precipitation zones along the grain boundaries increase anodic reactivity [258].
The pitting potential, Eyi;, exhibits a decreasing trend from the BM towards the SZ, as illustrated in
Figure 65c. This suggests that the initiation of localised corrosion is facilitated by the co-existence of
coarse precipitates and finer grains, which reduce the stability of the oxide film [258,259].

A qualitatively similar behaviour is observed for the AISi10Mg alloy, but with more marked
variations from BM to SZ, Figure 65. The variation in Ecor remains negligible, while the current
density increases by approximately one order of magnitude between the BM and the SZ. As reported
by Cabrini et al. [260], an increase in temperature and the consequent coarsening of the Si network
led to the expulsion of Si from the supersaturated matrix and the formation of coarse Si-rich
precipitates along the grain boundary. This, in turn, reduces the stability of the passive film, intensifies
the galvanic stimulation of the aluminium matrix corrosion and decreases the resistance to pitting
initiation, as confirmed by the reduction in Epj, Figure 65c.
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Figure 65 — (a) Corrosion potential (Ecor Vs SCE), (b) corrosion current density (icorr) and (c) pitting potential
(Epit vs SCE) in the different region of the AW6082-T6/A1Si110Mg (L) specimen.
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The analysis of corrosion attacks in different areas of the weld bead confirms the results of the
electrochemical tests. As illustrated in Figure 66a-d, the morphology of the pits identified on the
AWG6082-T6 alloy confirms the propagation of corrosion along the grain boundaries, an effect that
becomes more visible when moving from the BM to the SZ.

In the case of the A1Si10Mg alloy, the morphology of the corrosion attack corroborates the impact
of the microstructure on the corrosion behaviour in different areas of the joint. As illustrated in Figure
66e, in the BM, corrosion is driven by the melt pool macrostructure and, particularly, by the lower
stability of the oxide film along melt pool boundaries [260]. As the attack progresses towards the
HAZ, TMAZ and SZ, an intensification of penetration is observed, aligning with the trend previously
identified in Epit and icorr.

AlSi10Mg BM AlSi10Mg HAZ AISi10Mg TMAZ AlSi10Mg SZ

Figure 66 — Morphology of corrosion after potentiodynamic tests in BM, HAZ, TMAZ and SZ performed on
(a-d) AW6082-T6 side and (e-h) AISi10Mg side for the AW6082-T6/Al1Si10Mg (L) specimen.

Intergranular corrosion tests performed on FSW joints enabled the identification of any
preferential attack paths related to microstructural changes induced by the welding process. No
significant intergranular attack was detected on the AW6082-T6 alloy, in line with the known good
IGC resistance of Al-Mg-Si alloys [261], while on the AlSi10Mg alloy, variable susceptibility was
observed within the weld, both in terms of morphology and depth of attack.

As demonstrated in Figure 67a and Figure 68, the BM AISi110Mg displays the characteristic inter-
melt-pool morphology, which is notably aggressive and deeply penetrating. In this morphology,
corrosion occurs in the regions adjacent to the melt pool border and is driven by the galvanic coupling
between the a-Al matrix and the Si-rich network along these areas, where the network is more
discontinuous [53]. In the HAZ, inter-melt-pool attacks are still observed, with reduced average
penetration (Figure 68), but the partial breakage of the Si network and the precipitation of Si-rich
phases favour an extension of the attack towards the centre of the melt pools, as illustrated in Figure
67b. In the TMAZ, where the microstructure has been modified by partial dynamic recrystallisation
and heat input from welding, the attacks identified show an even lower average penetration and a
morphology that evolves from inter-melt-pool to a more similar pitting/localised attack, as
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demonstrated in Figure 67c. This morphological evolution is consistent with the progressive
fragmentation of the eutectic network and with the decrease in the continuity of the galvanic paths
along the edges of the melt pools [59].

AlSH1OMg

Figure 67 — Low-magnification FESEM images of corrosion attacks in (a) BM, (b) HAZ, (c) TMAZ and (d)
optical image of corrosion attack located in the bottom of the SZ on the AlSil0Mg side of the AW6082-
T6/A1S110Mg specimens after IGC test.
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Figure 68 — Average penetration depth of corrosion attacks measured after the IGC test in different zones of
the AW6082/A1Si10Mg (L) specimens.

Within the stir zone, severe and deeply penetrating corrosion attacks were observed at the
interface with the AW6082-T6 alloy, particularly on the bottom side of the weld, Figure 68. As
illustrated in Figure 67d, the weld root surface exhibits a corrosion attack at the interface between
AW6082-T6 and AlSil0OMg. Figure 69 presents the cross-section corresponding to the corrosion
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attack depicted in Figure 67d. It is evident that the occurrence of corrosion has been facilitated by the
preferential dissolution of the a-Al matrix, driven by galvanic coupling with the Si-rich precipitates
that are characteristic of the microstructure of the SZ on the AlISi10Mg side.

FSW welding has been shown to generate a compression and tensile residual stress field within
the weld, both along the welding direction and in the transverse direction, with maximum tensile
stresses located in the SZ region [262,263]. As demonstrated by Turnbull et al. [264], in the presence
of pits, a tensile stress field has the potential to generate local plastic deformation at the pit boundary,
thereby facilitating the transition from a corrosion crater to a small crack. This, in turn results in
accelerated growth in an aggressive environment. In accordance with the established principles of
stress corrosion cracking [265], where tensile stresses, including residual stresses, have been
demonstrated to facilitate environmentally assisted crack initiation and propagation, residual stress
fields in welded joints may consequently assume a non-negligible role in the evolution of damage.
Similarly, in the case of the FSW welds analysed in this study, it can be hypothesised that the residual
stresses present in the nugget contribute, once the corrosive attack has been triggered, to promoting
its penetration along the weld. However, in order to clarify the specific role of residual stresses with
respect to the microstructure alone, dedicated studies would be necessary. A comparative analysis of
the corrosion behaviour of joints in the as-welded state and after appropriate stress-relieving cycles
could provide insights into whether and to what extent the relaxation of the internal stress field
modifies the extent and depth of selective attack in this region.

SRR

AW6082-T6

Mag= 800X Signal A = SE2
WD = 8.5 mm EHT = 10,00 kV

Figure 69 — (a) Low-magnification FESEM image of corrosion attack in the stir zone on the AISi10Mg side of
the AW6082-T6/AlSi10Mg (L) specimen; (b) High-magnification image of the corroded region with
corresponding EDS elemental maps.
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The present study has demonstrated that friction stir welding is an effective strategy for joining
wrought AW6082-T6 and LPBF AlSi10Mg, enabling sound solid-state joints without fusion-related
defects such as gas porosity. Furthermore, it has been shown that the adoption of an intermediate S/F
ratio results in a relatively high joint efficiency (72%). From a mechanical perspective, the
predominant constraint appeared to be the local softening of the wrought alloy. Fracture exhibited a
systematic tendency to localise in the AW6082-T6 HAZ/TMAZ region. In this region, the welding
thermal cycle has been observed to promote precipitate dissolution, coarsening and a significant
decline in hardness. In contrast, the stir zone displayed a refined, equiaxed microstructure on both
sides, facilitating load transfer across the nugget and contributing to optimal performance when
material positioning enhanced material flow and interlocking. From a corrosion perspective, the joint
response was microstructure-controlled: AW6082-T6 exhibited only moderate variations across BM,
HAZ, TMAZ and SZ, whereas AISi10Mg demonstrated a more pronounced loss of passivity and
pitting resistance towards the centre of the weld, consistent with the progressive disruption and
coarsening of the Si-rich features. Intergranular corrosion tests further indicated that the most critical
condition is associated with the AISi10Mg side, especially in the region near the interface and the
weld root within the stir zone. In these areas, micro-galvanic coupling and local heterogeneities can
drive deeper attacks. It is evident that, in general, the FSW process is effective in reducing process-
induced defects and enhancing joint integrity. However, it is important to note that the mechanical
performance of the material is primarily influenced by the softened HAZ of the wrought alloy.
Additionally, the durability of the material may be affected by localised corrosion susceptibility,
particularly in the LPBF region and at the interfaces.
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5.1 Design of metal lattice structures for a e-bike frame

In recent years, there has been an increased focus on the integration of lightweight structures in
bicycle frame design, driven by the growing demand for high-performance and energy-efficient
transport solutions [266]. Lattice structures, particularly those fabricated via additive manufacturing
(AM), offer a noteworthy combination of strength, weight reduction, and tunable mechanical
properties [267]. These porous architectures offer superior strength-to-weight ratios compared to
solid counterparts and are being progressively adopted across the biomedical, aerospace, and
automotive sectors [168]. In the cycling industry, research has been conducted into the integration of
lattice structures within components such as cranks and forks. The objective of this integration is to
enhance the mechanical performance of the components while minimising their weight [268].
However, the integration of this type of structure within a bicycle frame remains restricted. As
demonstrated in previous research, the design and the optimization of lattice topologies, such as BCC,
FCC, gyroid, and their graded variants, has been investigated, demonstrating the ability to locally
tailor stiffness and energy absorption through geometric modifications [267,269].

The present study focused on the design, optimisation and manufacturing of a lattice-structured
component integrated into the rear triangle of a bicycle frame. The geometric complexity of the
lattice, in conjunction with the inherent limitations of conventional simulation tools, compelled the
employment of an approach based on equivalent materials. Modified Young’s modulus values were
ascribed to the lattice region in order to simulate their expected mechanical properties within the
global structural model. The design objective was to achieve a rear dropout displacement that was
twice that of the original frame under a standardised loading condition. As discussed in the previous
chapters, the AlSi10Mg aluminium alloy was selected for the manufacturing of the integrated
component, since it provides an excellent compromise between mechanical properties, corrosion
behaviour and strength-to-weight ratio. Furthermore, as the aim of the activity was to produce
physical prototypes, it was imperative to select a material that the manufacturing partner could
process reliably. AlSilOMg is one of the most widely used aluminium alloys for additive
manufacturing, owing to the consolidation of industrial expertise in its processing [110,270].
Considering these technological constraints and after discussions with the industrial partner, this alloy
was selected for the project. The final prototypes were fabricated using LPBF technology in
collaboration with Aidro, a company operating in the field of the design and additive manufacturing
of aluminium alloy components. This project was conducted within the framework of the GIRO-E
flagship initiative, with the objective of designing, developing and integrating structural solutions for
two aluminium frames. The primary goal was to enhance the level of comfort and safety through the
utilisation of lightweight structures that exhibit a combination of high stiffness and acceptable levels
of safety and structural redundancy.
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5.1.1 Bicycle frame analysis and design targets

The starting point of this work is a commercial e-bike frame made with aluminium alloy AW6061-
T6 used as a reference structure. A finite element analysis (FEA) of this bicycle frame was conducted
to understand the deformation mechanisms and stress distribution. The main design goal is to increase
the vertical movement of the rear triangle while preserving an adequate safety margin against
structural failure. In order to satisfy this goal, during all the FEA simulations the frame was restrained
using three types of constraints, reported in Figure 70a. A fixed support at the head tube to restrict all
translational and rotational degrees of freedom; a hinge support at the motor and pedal axis to restrict
translations while allowing free rotations; and a roller support at the rear axle to permit translation
only along the direction parallel to the axle itself. A single loading condition was implemented,
comprising two forces of 600 N each, acting on both sides of the rear triangle, Figure 70b.

a)

Constraints

Figure 70 - (a) Constraints and (b) loads setup for the FEA simulations on the original e-bicycle frame.

The results of the finite element analysis, presented in Figure 71, offer a valuable insight into the
deformation mechanisms and stress distribution within the frame. The rear hub displays a maximum
displacement (8) at an approximate value of 0.4 mm. Maximum stress concentrations have been
observed at the weld joints connecting the rear triangle to the seat tube and to the bottom bracket area,
as well as in the proximity of the fastening holes located in the rear wheel hub.
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Figure 71 - (a) Displacement field and (b) Von Mises stress distribution in the original e-bicycle frame.

Considering the findings, the design objective was established to increase the rear hub
displacement (target &' = 0.8 mm) while ensuring the maintenance of acceptable stress levels and a
sufficient safety factor. Based on this analysis, a collaborative decision was made to integrate the
component with lattice structures within the upper region of the rear triangle, as illustrated in Figure
72.

Lattice

structures

Figure 72 - Detail of the rear triangle highlighting the regions replaced by lattice-structured components.

5.1.2 Lattice structures modelling and material characterisation

Components integrating lattice structures exhibit a highly complex configuration, which
necessitates a very fine discretisation and, consequently, a considerable number of finite elements to
describe their mechanical properties [155]. Alwattar and Ruiz de Galarreta [142,145] have
demonstrated the clear correlation between the mesh density applied and the subsequent error in the
predicted elastic properties, with even more pronounced discrepancies when the local stress field is
considered. Moreover, the integration of complex lattice-structure models can have a considerable
effect on the total computational time. As already discussed in Chapter 3, various approaches have
been developed in the literature to overcome the intricate task of fully describing complex geometry
while maintaining reasonable computational costs. In this study, an equivalent material approach was
adopted in the subsequent FEA simulations. The lattice region, reported in Figure 72, was replaced
by a homogenous isotropic material, the effective Young's modulus of which was experimentally

107



Prototypes manufacturing

calibrated through mechanical testing of the lattice samples. The FEA performed by Aidro on the
original e-bicycle frame revealed a multi-axial and non-uniform stress and strain rate in the rear
triangle, with deformation modes that could not be associated with a single dominant load direction.
In order to achieve an equivalent mechanical response that is as directionally uniform as possible, a
stochastic lattice topology was selected, rather than an ordered structure with struts aligned along
specific axes. This particular configuration does not introduce preferred load paths along specific
directions and exhibits a mechanical behaviour similar to am isotropic material on a macroscopic
scale.

The geometry and topology of the lattice structure were selected in accordance with the findings
in Chapter 3. From a technological standpoint, the lattice geometry is constrained by the capabilities
of the LPBF process, which require admissible ranges for strut length and strut diameter and, thus,
for the achievable relative density and stiffness [271,272]. In the present work, these manufacturing
constraints were considered from the design step, so that the lattice geometries explored numerically
could be realistically produced. In Chapter 3, several non-periodic lattice geometries were analysed,
with particular focus given to architectural configurations representative of the tubes that make up
the bike frame. Specifically, cylindrical specimens were produced and characterised, with the lattice
structure confined within a circular crown, referred to as H13 specimens. This configuration
facilitates the reproduction of the geometry of the tubular components of the frame in a simplified
but meaningful way, thereby enabling the analysis of their mechanical behaviour under axial load.
The implementation of the Gibson-Ashby model (Figure 35) revealed that, as the unit cell size and
strut diameter are subjected to variation, the mechanical behaviour of the lattice structure undergoes
a progressive evolution from stretch-dominated regime to a bending-dominated regime. Lattice
structures characterised by stretch-dominated behaviour are particularly suitable for applications
requiring high structural stiffness, while those with bending-dominated behaviour exhibit a more
progressive response, a more stable deformation plateau before densification and greater energy
absorption capacity [166].

The aim of this study is to design and manufacture a lattice structure component to be integrated
into the frame of an e-bike, with a focus on enhancing user comfort without compromising structural
stiffness and safety requirements. In this context, the experimental results obtained on the lattice
structures were also analysed within a broader framework for material selection. The mechanical
properties of lattice structures tested were mapped onto Ashby diagrams for material selection, as
demonstrated in Figure 73. This enabled the positioning of these structures with regard to
conventional materials and highlighted their potential as structural solutions. As illustrated in Figure
73a, the configurations analysed exhibit an elastic modulus that is approximately one order of
magnitude lower than that of the bulk materials commonly used for the fabrication of bike frames.
Conversely, in the strength-density diagram in Figure 73b, the lattice structures analysed are aligned
with traditional bulk materials along the strength-to-density design guideline commonly adopted for
lightweight design. This finding underscores the capacity of these configurations to maintain a
favourable strength-to-weight ratio, comparable to that of conventional materials, despite the
observed reduction in elastic modulus. From a design standpoint, using a solution with a lower elastic
modulus than conventional materials can be advantageous in the specific case under consideration. It
can be assumed that a reduction in stiffness would result in an increase in the vertical travel of the
rear triangle. This has the potential to enhance the damping of ground-induced vibrations, thereby
improving user comfort, while maintaining structural integrity thanks to adequate mechanical
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strength. It is important to note that the introduction of these lattice structures does not seek to replace
any existing suspension system but aims to locally adapt the structural response of the frame.
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Figure 73 — Ashby charts of (a) elastic modulus, E, and (b) strength, o, as a function of density for the non-
periodic lattice structures compared with bulk materials.

In this study, the Gibson-Ashby model, when combined with Ashby diagrams, was a fundamental
tool for understanding the mechanical behaviour of non-periodic lattice structures and for selecting
the most suitable configurations based on the requirements of stiffness, strength and structural
efficiency in terms of weight reduction.

Considering the aforementioned requirements, a completely stretch-dominated lattice structure
would guarantee high stiffness but would be less effective in terms of damping stresses and would
demonstrate a lower capacity to sustain damage or collapse. Conversely, a purely bending-dominated
lattice structure would offer greater damping capacity, but the overall stiffness of the component
would be compromised. Taking these factors into consideration, the lattice structure configuration
that has been identified as the most suitable by the analysis described in Chapter 3 is HI3 3 0.70, a
non-periodic lattice structure characterised by a unit cell size of 3 mm and a strut diameter of 0.70
mm. This configuration has an equivalent elastic modulus of approximately 3.0 GPa and a yield
strength of approximately 90 MPa. As demonstrated by the analysis performed with the Gibson-
Ashby model (Figure 35), this lattice structure displays mechanical behaviour that is intermediate
between stretch-dominated and bending-dominated regimes. This theoretical finding satisfies the
requirements of stiffness, damping capacity and safety that are essential for this application.

109



Prototypes manufacturing

During the initial design iteration, the lattice integration was confined to the replacement of two
tubular segments with a single lattice structure element, whilst preserving the original frame
geometry, as reported in Figure 74.

The material model described above was then employed to assign the measured elastic modulus
to the lattice region in the finite element model. A new FEA was conducted, employing the same
loading and boundary condition that were applied to the “as is” frame. The findings demonstrated an
increase in rear dropout displacement in comparison with the original configuration. Nevertheless,
the target value of 0.8 mm was not attained, and the overall response of the rear triangle remained
overly rigid.

Figure 74 - First design iteration of the lattice structure component.

Given that the lattice parameters could not be subjected to further modification due to
technological limitations intrinsic to the LPBF process, and in accordance with the conclusions of
Aidro, it was established to act on the component geometry to achieve the desired deformation. The
geometry of the lattice component was progressively modified following an iterative FEA-driven
approach. Firstly, the length of the lattice region along the rear triangle was increased. The new
geometry was defined by following the main load paths identified on the original frame. This consists
of two independent lattice sub-regions with different mechanical properties, which are engineered to
guide the deformation in the desired direction. This approach involved the introduction of two lattice
zones, characterised by distinct relative density and equivalent stiffness, as shown in Figure 75. For
the outer region, where the stress level is lower, the same lattice configuration used in the first
iteration was maintained. The inner region, located in closer proximity to the main load transfer paths,
was designed with a stiffer lattice configuration with the aim of controlling local strains and ensuring
sufficient stiffness. In this zone, the lattice structure H13 3 1.00 with strut diameter of 1.00 mm, unit
cell size of 3.0 mm, relative density of 0.61, equivalent elastic modulus of 7.0 GPa and yield strength
of 182 MPa was adopted. In order to enhance the components compliance, an elliptical notch was
introduced on the outer side of the component, as reported in Figure 75b.
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Figure 75 - CAD model of the lattice component: (a) final design with two regions of different stiffness; (b)
detail of the external notch; (c) final design with stochastic lattice structures integrated into the component.

The final configuration achieved a rear axle displacement of about 0.8 mm, twice the deformation
of the original frame, while keeping the maximum stresses confined within the lattice component, as
shown in Figure 76. As demonstrated in Figure 76b, the stresses in the modified rear triangle increase
in comparison to the original configuration, with peak Von Mises values of approximately 60 MPa
in the outer lattice region and around 80 MPa in the inner region. When these values are compared
with the experimentally determined yield strength of the corresponding lattice configurations, safety
factors around 1.5 and 2.3 are obtained for the outer and inner regions, respectively, confirming a
sufficient margin against yielding.

(a) (b)

Figure 76 - (a) Displacement field of the frame with the lattice structures integrated and (b) Von Mises stress
distribution within the lattice component.

5.1.3 Proof-of-concept manufacturing and experimental validation

The aim of the proof-of-concept phase was to demonstrate the reliability of the manufacturing
process for the lattice-integrated component, its successful integration with a conventional aluminium
frame, and its operational performance under realistic service conditions. Subsequent to the definition
of the final geometry of the lattice element, a series of functional prototypes was produced in
AlSi10Mg alloy. The components were manufactured on an EOS M290 Dual Mode LPBF system,
employing a layer thickness of 30 um, an argon atmosphere, and the baseplate was maintained at 165
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°C throughout the build in order to limit residual stresses. The chemical composition of the feedstock
powder is reported in Table 20.

Table 20 - Chemical composition (wt.%) of the feedstock powders.

Element
(wt.%) Al Si Mg Cu Mn Fe Ti
AlSilOMg Bal. 10.3 0.36 <0.01 <0.01 <0.15 <0.01

Figure 77 shows the build layout of the lattice insert and the as-built component after removal
from the powder bed.

a) b)

Figure 77 - (a) Build layout of the final lattice-integrated components on the LPBF build plate and (b) as-built
AlSi10Mg lattice components.

Subsequent to the availability of the initial lattice components, the focus of the project shifted to
their integration into the bicycle frame. Gas Tungsten Arc Welding was selected as the joining process
because it is widely used for fabrication of aluminium bicycle frames and was specifically
recommended by the frame manufacturer, based on their established experience and existing
production practices. In this scenario, the joint does not consist of two conventionally extruded or
drawn tubes of the same alloy, but rather a hybrid configuration: an LPBF AlSi10Mg component
welded to a frame in AW6061-T6 produced by traditional processes. In order to achieve the maximum
benefits of additive manufacturing in structural applications, it is essential to develop a reliable
method of joining AM parts to conventionally manufactured components. This hybrid approach
enables new design possibilities but also introduces additional metallurgical, mechanical and
corrosion-related challenges, due to differences in composition and microstructure between the LPBF
and wrought materials. In order to investigate the weldability of LPBF AISi10Mg component to
AW6061-T6 tubes, three full-scale functional prototypes of the lattice structure were produced. The
joining process that was adopted was GTAW, using an ER5356 aluminium filler wire. Each
functional prototype was utilised to compare three welding strategies: continuous GTAW, pulsed
GTAW at 80 Hz, and pulsed GTAW at 100 Hz. The initial peak current was set to 140 A. Since the
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welding process was performed manually with a foot pedal, the current was adjusted by the operator
during the process. After arc ignition, where the current typically reached 120-140 A, it was
progressively reduced along the weld bead, resulting in an estimated average current of 90-100 A.
An example of a welded prototype used for hybrid LPBF AlSilOMg/AW6061-T6 weldability
assessment is shown in Figure 78a. To accurately simulate the final frame conditions, the lattice insert
was welded to tube segments with the same geometry and thickness as the actual rear-triangle
elements.
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Figure 78 - (a) Prototypes used to assess weldability between LPBF AlSi10Mg components and AW6061
tubes; metallographic cross-sections of the weld bead produced using (b) continuous GTAW, (c) pulsed
GTAW at 80 Hz and (d) pulsed GTAW at 100 Hz.

The initial welding campaign revealed a significant issue related to extensive porosity observed
within the weld bead. The cross-sections of the weld bead, reported in Figure 11b,c,d, highlighted the
presence of porosity in all of the investigated welding techniques suggesting that the combination of
alloy pair, process parameters and as-built LPBF microstructure necessitated further optimisation.
This pronounced porosity highlighted the need for a more systematic study of hybrid welds between
LPBF and conventionally manufactured aluminium alloys. Based on the findings discussed in the
Chapter 4.3.1, to reduce the porosity within the weld bead, it was necessary to perform a solution heat
treatment at 530°C for 6 h on the AlISi10Mg component. This heat treatment at high temperature led
to the reduction of hydrogen content in the AM part, resulting in significantly less porosity in the
weld bead. Based on the expertise of the frame manufacturer, the components were integrated into
the frame using a pulsed GTAW at 80 Hz. The optimised welding procedure was employed to
manufacture one complete frame incorporating a lattice-integrated rear triangle, as illustrated in
Figure 79.

113



Prototypes manufacturing

Figure 79 - (a) Prototype frame with the lattice structure component integrated into the rear triangle, (b,c)
close-up views of the AlSi10Mg insert and (d) presentation of the prototypes during the Giro-E 2024 event.

This prototype was assembled using standard components and presented during the GIRO-E 2024
event, a flagship initiative of the MOST project. The prototype served a dual purpose: firstly, it
demonstrated the design concept, and secondly, it was used as test vehicle for preliminary validation
in service through road testing in real riding conditions, reaching approximately 60 km. Subsequent
to the road test, the lattice structure component exhibited a substantial permanent deformation with
respect to the initial profile, as illustrated in Figure 80a. It is particularly evident that the component
profile deviates significantly from the original geometry, thus indicating that the structure underwent
a severe global plastic deformation. Two damaged regions are visible within the lattice, both located
in the outer region of the component, where cracks are clearly detectable by visual inspection, Figure
80b-e. As aforementioned, this outer region corresponds to the least stiff part of the component, which
is intentionally designed to provide enhanced local deformability, Figure 75. The upper crack fully
intersects the component cross-section, resulting in a through-thickness fracture (Figure 80c,d),
whereas the lower crack appears shorter and does not propagate through the entire thickness, Figure
80e. Therefore, it can be reasonably hypothesised that the damage initially occurred in the upper
region, where the design stress level is the highest. The progressive loss of stiffness associated with
this initial fracture subsequently promoted the initiation of a secondary crack in the lower part of the
component.
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Figure 80 — (a) Bike frame after the road test, showing permanent deformation of the lattice component, (b)
damage regions identified in the right rear lattice, (c,d) through-thickness crack in the upper part and (e) non-
through crack in the lower region of the component.

In order to investigate the collapse mechanism in more detail, the component was sectioned and
removed from the frame, thus allowing the fracture surfaces to be examined by scanning electron
microscopy, as illustrated in Figure 81 and Figure 82. These analyses demonstrate that fracture
propagated progressively through the struts, along the strut-nodes interface and also through nodes
of the lattice. This finding is in agreement with the literature on lattice structures subjected to cyclic
or combined loading conditions. Experimental studies on octet-truss lattices demonstrate that, in the
presence of an initial defect, damage initially localises in the most highly stressed struts ahead of the
crack tip, which fail progressively layer by layer. Furthermore, crack propagation can also involve
the nodes when a connection is necessary between regions experiencing high local deformation
[273,274]. The precise site of crack initiation remains indeterminate. Following the initial cracking,
the frame was utilised for a considerable distance, likely resulting in persistent friction between the
fracture surfaces and substantial damage to their original morphology, as illustrated in Figure 82b.
However, some relatively intact areas (Figure 82a) exhibit a dimpled morphology, which is consistent
with a predominantly ductile fracture mechanism of the struts.

A comparison between the stress field as predicted by the finite element method model (Figure
76b) and the experimentally observed location of the main crack (Figure 81) demonstrates a strong
correlation. The through-thickness fracture in the upper part of the component developed precisely in
the region characterised by the maximum Von Mises stress within the outer lattice, according to the
adopted loading scheme. This finding indicates that the numerical model and the static loading
conditions employed during the design phase are capable of realistically depicting the stress
distribution under service conditions, despite the fact that the variable and cyclic nature of real road
loads is not explicitly reproduced. It is evident from the finite element model that a maximum stress
of approximately 60 MPa is obtained in the outer lattice. The experimental investigation,
encompassing compression tests on lattice specimens, yielded a yield strength of approximately 90
MPa and an equivalent Young's modulus of about 3 GPa. This resulted in a static safety factor of
around 1.5. The experimental observation of fracture thus indicates that the component's actual
strength was lower than the estimated value during the design stage. This discrepancy may be
attributed to the solution heat treatment applied prior to welding, which has been demonstrated to
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markedly reduce the yield strength of AISi10Mg in comparison to its as-built condition. Bisht et al.
[275], demonstrated that a solution treatment carried out at temperatures of approximately 505 °C for
a duration of 4 hours resulted in a significantly reduced yield strength, approximately of 140 MPa,
compared to 240 MPa of the as-built state. A similar degradation of mechanical properties can
therefore be expected for the lattice structure component.

A further critical aspect is the presence of large pores within the struts, which are clearly visible
in Figure 81b and Figure 82a. The observed pores have diameters of approximately 100 pum, in
comparison to a nominal strut diameter of around 700 um. Defects of this size, which are compatible
with either lack-of-fusion or keyhole porosity, as is typical of LPBF AlSi10Mg, have been shown to
significantly reduce both fatigue resistance and local tensile strength [276,277]. The combined effect
of reduced load-bearing cross-section and stress concentration around pores thus represents a
preferential site for crack initiation.

Furthermore, FESEM observations demonstrate that the external surface of the lattice is fully
covered by paint, while the internal surfaces, which were not reached by the coating, exhibit a
significantly rougher surface finish (Figure 81). The high surface roughness may have initiated crack
formation at geometric notches or surface defects, thereby facilitating progressive damage
propagation through the struts and nodes of the lattice structure.

Signal A = SE2

EMT = 15.00 kV

Figure 81 — Low-magnification FESEM images of the fracture surfaces within the lattice.
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Figure 82 — Low-magnification FESEM images of fractured struts with (a) internal pores and (b) damaged
fracture surface.

The present study has confirmed that LPBF lattice structures can be successfully integrated into
an aluminium e-bike frame. Furthermore, the equivalent-material design approach has been shown to
be capable of reproducing the main deformation mechanisms observed in service, including the
localisation of maximum stresses in the outer lattice region. Concurrently, the premature failure of
the lattice insert following road testing emphasised the vulnerability of the component to process-
induced defects and post-processing treatments, such as solution heat treatment and welding. These
treatments have been shown to significantly reduce the strength of AISi10Mg in comparison to the
as-built condition, as highlighted in Chapter 3, and to amplify the detrimental effect of internal
porosity and surface roughness. The findings emphasise the necessity of meticulously characterising
lattice structures in not only their as-built state but also following the employment of representative
thermal cycles and joining processes. This approach is pivotal in ensuring the acquisition of design
data that accurately reflects in-service performance.

5.2 Removable functional joints for modular frames

Technological development continues to have a profound impact on the manufacturing sector,
with additive manufacturing being a particularly pivotal factor in this transformation. The AM
process, which involves the layer-by-layer deposition of material, exhibits significant potential in
promoting sustainability. This is due to its ability to facilitate the development of material-efficient
designs, the creation of lightweight structures, and the implementation of on-demand production
across a range of industrial sectors [17,278]. Among the various AM processes, such as binder jetting,
directed energy deposition and material extrusion, Laser Powder Bed Fusion (LPBF) is one of the
most widely adopted and versatile, especially when combined with lightweight alloys such as
aluminium alloys [22]. New design paradigms, such as Design for Additive Manufacturing (DfAM),
generative design and topology optimisation, are fundamental tools to fully exploit the advantages of
AM, and in particular of LPBF technology. These approaches facilitate the enhancement of the design
process, enabling the creation of complex geometries and sophisticated internal features that would
be difficult or impossible to obtain with conventional manufacturing techniques [279,280]. For
example, Topology Optimisation (TO) is a numerical method that determines the optimal material
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distribution within a given design domain, under prescribed loads and boundary conditions. The aim
of this process is to maximise performance while minimising the amount of material used [281-283].
The enabling of highly efficient load paths, in conjunction with the removal of unnecessary material,
has been demonstrated to directly support the development of more sustainable components.
Consequently, AM technologies such as LPBF, when employed in conjunction with DfAM
methodologies, offer a compelling approach to reducing the environmental impact of industrial
manufacturing. This is achieved by decreasing material consumption, facilitating part consolidation
and prolonging product lifetimes [284,285]. Previous studies in the bicycle sector have demonstrated
that the application of DfAM and TO to frame components and accessories results in highly efficient,
lightweight structures that meet mechanical and functional requirements while exploiting the freedom
of AM processes [19,286,287].

In recent years, in parallel with these design paradigms, the bicycle industry has witnessed a
growing demand for vehicles that can be more easily integrated into public and private transport
systems, with reduced volume and weight to facilitate intermodal mobility. In urban contexts,
intermodal mobility typically combines walking, public transport and active modes such as cycling,
enabling door-to-door journeys where bicycles, including folding or separable bikes, act as a flexible
solution within a wider public transport network [288]. Currently, the market offers a wide range of
solutions, including folding frames with hinges and multi-axis joints, as well as separable frames that
can be divided into multiple sections by means of mechanical couplings. These architectures offer
several advantages, including compactness, which enhances convenience for domestic storage and
ease of transportation on public transport, and reduces the risk of theft, as the bike can be more readily
transported within buildings. However, the integration of hinges, couplers and detachable interfaces
introduces significant challenges, including an increase in weight due to local reinforcements,
potential loss of global frame stiffness and alignment, and additional maintenance requirements for
the folding mechanisms. Furthermore, in numerous commercial solutions, the arrangement of
electrical wiring and hydraulic brake lines across the joints is managed externally or with limited
integration, thereby affecting the overall aesthetics, aerodynamics and ease of assembly/disassembly.

The work presented in this chapter follows a different approach to frame disassembly, based on
functional modular joints specifically designed for additive manufacturing. In collaboration with
industrial partners specialising in the manufacture of bicycles and metal AM, the activity focuses on
the design and production of a frame that can be divided into two sections by means of removable
joints in AlSi10Mg produced via LPBF, while maintaining the stiffness and safety levels of the
reference monolithic frame. A notable feature of these joints is the implementation of supplementary
functionalities that exceed those of conventional commercial couplers. The lower joint is equipped
with a hydraulic connector and a electrical interface, allowing for the automatic coupling of the rear
brake system and the motor-controller wiring during the frame assembly process. This approach
serves to minimise the operational demands for the user, while ensuring the continuity of internal
management. The employment of additive manufacturing facilitates the integration of structural and
functional characteristics within a singular, optimised component, thereby enabling the development
of modular joining systems that overcome the limitations currently exhibited by folding and separable
bicycles. This advancement enhances both functionality and aesthetic appeal, while facilitating
integration.
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5.2.1 Reference frame and joints requirements

The modular joint system was developed for an aluminium gravel frame supplied by one of the
partner companies within this project, Dedacciai, an Italian leader in the manufacture of bicycle
frames and components. The frame features a conventional gravel frame geometry and is
manufactured from AW7020 aluminium alloy (Figure 83a). The division points of the frame were
selected with the aim of optimising the size of the two sections and minimising the overall envelope
of the disassembled bicycle, thereby ensuring optimal ease of transportation. Figure 83b provides a
visual representation of the selected cut locations on the frame, and the corresponding installation of
the joint system. This configuration was selected to minimise the packed volume while maintaining
the original riding geometry. As demonstrated in Figure 83b, the chosen joints locations allow a
reduction of the expected filled volume of the bicycle of about 46%. From a functional standpoint,
the joints had to facilitate the rapid disassembly and reassembly of the frame using standard portable
tools. The coupling and decoupling operations were required to be intuitive, with a minimal number
of steps and no loose components that are not permanently attached to the frame.

‘-lL —‘O‘

Figure 83 - (a) Original aluminium gravel frame supplied by Dedacciai; (b) frame equipped with the modular
joints and corresponding reduction of packed volume.

The joint system was required to ensure the repeatable alignment of the two frame halves, thus
preventing movement and noise at the interfaces during riding and preserving the nominal frame
geometry after multiple assembly and disassembly cycles.

Moreover, in order to produce a prototype that is legally rideable on public roads, the requirements
on the braking systems had to be considered. In accordance with the regulations stated in the Italian
Highway Code (art. 68) and its implementing regulation (art. 223), it is mandatory for a bike to be
equipped with two distinct brake devices, with one device for each wheel, capable of acting promptly
and effectively on the respective wheel. This requirement entails the integration of control and
transmission systems that facilitate active braking mechanisms, typically through mechanical or
hydraulic connections. In order to comply with this constraint, it is necessary to integrate a hydraulic
connector within the joint system. Furthermore, an electrical connector is necessary for the
transmission of data and power between the rear hub motor and the handlebar-mounted control unit.
Placing a joint on the down tube provides sufficient space for the integration of these connectors
while keeping the external diameter aligned with that of the original tube and allow the user to
separate and re-connect the frame without bleeding the brake system or handling external cables.
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From a structural perspective, the joints were engineered to maintain the global stiffness and safety,
aiming for equivalent performance to that of the original frame.

5.2.2 Design of the joint system

Subsequent to the selection of the locations of the joining systems on the frame, and in accordance
with the frame manufacturer and the company responsible for the design and production of the joints,
the geometric constraints associated with their installation were defined. The aforementioned
constraints are concerned with the interference-fit diameter, the axial length of this diameter required
to facilitate joint installation, and the need to match the outer diameter of the joint with that of the
frame tubes.

The joint architecture consists of a vertically dismountable component which is composed of two
halves that are clamped together by a bolt acting on inclined contact surfaces. When torque is applied
to the bolt, the inclined planes convert the axial preload into a transverse clamping force, as illustrated
schematically in Figure 16. This brings the two halves into firm contact, eliminates any clearance at
the interface and restores the frame stiffness at the joint location. By addressing the aforementioned
functional and structural requirements, the final joint design fulfils all the necessary criteria.

Figure 84 - (a) Vertical disassembly concept and (b) representation of the inclined surfaces that transform the
axial force into a transverse clamping action.

The configuration of the hydraulic interface was dictated by the necessity to disengage and then
re-engage the frame segments without compromising the integrity of the braking system, whilst
simultaneously ensuring the prevention of oil leakage or air infiltration during the repeated cycles. In
order to achieve this objective, the female component of the connector was derived from a commercial
quick-connect component, whereas the male component was redesigned to be fully integrated into
the joint body and compatible with the available space and manufacturing constraints. The electrical
connector was positioned alongside the hydraulic path, in a dedicated compartment that ensured
proper alignment and shielding, allowing the simultaneous mechanical, hydraulic and electrical
coupling of the two frame sections during joint closure.

The design choices result in a modular joint that not only restores the structural continuity of the
frame, but also consolidates multiple functions, such as mechanical connection, hydraulic brake
continuity and electrical signal transmission, into a single integrated component specifically designed
for additive manufacturing.
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Figure 85 - Cross-section of lower joint showing the internal routing of the (a) hydraulic and (b) electrical
connectors.

5.2.3 Finite Element Analysis

The computational design and validation of the joint system was conducted in collaboration with
Aidro, which was responsible for the development of the finite element analysis (FEA) and for the
execution of the simulations. The University of Bergamo contributed to the interpretation of the
numerical results and to the definition of the key parameters to be investigated experimentally.

As previously stated, the aim of the design was to integrate the joints on the frame while ensuring
the safety and stiffness of the original configuration. In order to achieve this objective, a preliminary
finite element analysis was conducted on the original frame, with the frame virtually cut at the
locations designated for the installation of the joints. Two inserts with the same geometry as the
original tubes were modelled at these sections, so that the contact pressures along the interfaces
between frame and inserts could be evaluated and later used as boundary conditions for designing the
real joint (Figure 86a). In order to simulate the behaviour of the frame under load, appropriate
boundary conditions were applied at the front and rear wheel axles to reproduce a straight-line riding
condition. Constraints were applied to translations and rotations in order to represent tyre-ground
contact and bearing supports. The external loads were defined with the aim of simulating the forces
exerted by a rider of approximately 90 kg, with partial support on the pedals and partial support on
the saddle. A vertical force of 800 N was applied at the bottom bracket to represent the load on the
pedals, and a remote vertical force of 1000 N was applied at a virtual point representing the load
transmitted through the saddle, which was then transferred to the upper section of the seat tube. The
material used in this and all subsequent simulations was the alloy AW?7020, which corresponds to the
material of the fabricated frames. The results of this preliminary finite element analysis demonstrated
a maximum deformation of approximately 0.7 mm in the seat stays of the rear triangle, exhibiting a
typical “S-shaped” bending pattern (Figure 86b). The top tube was subjected to a primarily bending
load, with the intrados located at the lower side of the tube and the extrados at the upper side. In
contrast, the down tube was predominantly subjected to compression. The regions exhibiting the
highest levels of stress were identified at the junctions between the rear triangle and the seat tube, and
between the top tube and the seat tube, with peak stresses of approximately 60 MPa (Figure 86¢).
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Figure 86 - (a) As-is frame model with highlighted inserts at the cut sections; (b) displacement field of the as-
is frame under load and (c) detail of regions with highest stress concentration.

In order to ensure the correct design of the joint systems, the contact pressures at the cut sections
were extracted from the finite element analysis (Figure 87). These pressures were then used to
evaluate the corresponding axial forces. Following this, the bolts were then dimensioned to guarantee
that the resulting compressive force, generated by their preload, would exceed the separating forces
derived from the simulations. The bolt sizing was assessed by considering exclusively the negative
contact pressures, given that these are the pressures which tend to open the joint. In contrast, the
positive contact pressures are transmitted directly through the contact surfaces of the joint and were
thus assessed in subsequent simulations.

For the top-tube joint, the contact pressure distribution was conservatively approximated as
uniform over the tube cross section, with an equivalent constant pressure of 18 MPa acting on an
annular area of 173 mm?, which corresponds to the difference between the outer and inner tube
diameters. This resulted in an axial separating force of approximately 3.1 kN acting on the joint.
Given that the joint relies on inclined surfaces at 45° to transfer the bolt preload into a transverse
clamping force, the required bolt preload was set to be twice the axial separating force, i.e.
approximately 6.2 kN. To account for load variability and to cover loading scenarios not explicitly
simulated, a safety factor of 2 was applied, resulting in a preload of 12.5 kN for the top-tube joint.
This can be achieved by two class 12.9 M6x1 screws, with each screw providing approximately 6.9
kN of preload at the specified tightening torque. The employment of two screws enhances redundancy
in the event of a fastener becoming loose. An identical approach was employed in the case of the
down-tube joint. In this scenario, the equivalent constant pressure from the finite element model was
9 MPa, acting on an annular area of 289 mm? and resulting in an axial separating force of
approximately 2.6 kN. The employment of the aforementioned relationship for the 45° inclined
surfaces resulted in the determination of a preload of 10.4 kN. This requirement can be satisfied by a
single class 12.9 M8x1 screw, which is capable of providing a preload of approximately 12.2 kN.
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Figure 87 - Cross-sections of the contact stress distribution on the tube surface in the joint region for (a) the
top-tube section and (b) the down-tube section.

A finite element analysis was performed on both joint configurations to assess the stress and
deformation fields under the bolt preload and contact forces (Figure 88a). The simulations confirmed
that the resulting strains and stresses in the joints were within acceptable limits. For the sake of clarity,
the main results for the joint located on the down tube are reported below. For the down-tube joint,
which integrates the hydraulic connectors and internal fluid passages of the rear brake system, an
internal pressure of 200 bar was additionally applied to all wetted surfaces in order to verify sealing
and structural integrity under the maximum operating pressure of the braking system. The findings
of the simulation illustrated in Figure 88b, highlight that the alignment teeth exhibit the highest
deformation with a maximum displacement of approximately 0.15 mm, which is considered within
the acceptable range. The stress assessment was conducted according to the acceptance criterion,
which was defined on the basis of the mechanical properties of LPBF AlSi10Mg in the as-built
condition, reported in Table 21.

Table 21 - Mechanical properties of AlSi10Mg alloy in as-built condition.

Mechanical properties

Yield strength, cy02 (MPa) 240 £20
Tensile strength, cus (MPa) 440 + 30
Young Modulus, E (GPa) 70
Elongation at break, A% 6+3

Starting from a yield strength equivalent to 240 MPa, a safety factor of 2 was used, leading to a
defined limit of 120 MPa. Moreover, the joints were considered to be within acceptable parameters
if the Von Mises stresses did not penetrate more than 30% of the wall thickness. The maximum stress
observed in the simulations was approximately 110 MPa, restricted to small surface regions and
therefore below the admissible limit (Figure 88c).
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Figure 88 - (a) Load scheme applied to the down-tube joint; (b) displacement field and (c) Von Mises stress
distribution in one half of the down-tube joint.

A final FE analysis was performed on the complete assembly, the frame with integrated joints.
The boundary conditions and loading scheme employed for the as-is frame were replicated, with the
addition of the forces generated by the bolt preloads in the top- and down-tube joints. The findings
revealed a maximum deformation of approximately 0.7 mm in the rear triangle, aligning with the
original frame, and a stress distribution in the frame tubes that closely resembled the as-is
configuration, as illustrated in Figure 89. The only considerable increase in stresses was observed
within the joints themselves, due to the preload of the bolts. However, the maximum stress remained
below the previously defined limit of 120 MPa, as demonstrated in Figure 90.
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Figure 89 - Results of the FEA on the frame with integrated joints: (a) displacement field and (b) Von Mises
stress distribution under the load case.
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Figure 90 - Detail of the Von Mises stress distribution along the joint cross-sections on (a) the top-tube joint
and (b) the down-tube joint.

In conclusion, the FE analyses indicated that the addition of the joints does not significantly alter
the stress state of the original frame components, while the stresses in the joints remain within the
acceptable range under the simulated load conditions.

5.2.4 Prototype manufacturing and experimental validation

As previously stated, the bicycle frame was manufactured by Dedacciai using an AW7020
aluminium alloy, while the joint system was produced by Aidro in AlSi10Mg alloy. The joints were
fabricated on an EOS M290 Dual Mode LPBF machine, with a layer thickness of 30 pm and an argon
protective atmosphere. During the fabrication process, the build plate was maintained at an
approximate temperature of 165 °C in order to reduce internal residual stresses in the components.
The joint halves were constructed in a vertical orientation, with the tube axis aligned with the build
direction, thus minimising the requirement for support structures on functional surfaces and
enhancing dimensional accuracy in the regions accommodating the hydraulic and electrical
connectors (Figure 91a,b).
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Figure 91 - (a) Arrangement of the joints on the LPBF build plate; (b) joints in the as-built condition before
support removal and sandblasting; (c) joints after machining, with the hydraulic and electrical connectors
assembled.

Subsequent to the printing phase, the prototypes underwent powder and support removal,
followed by manual sandblasting to improve surface roughness. In order to obtain multiple pairs of
joints for different test frames and mechanical characterisation campaigns, multiple joint halves were
placed on each build plate. In select cases, supplementary machining operations were performed on
the external surfaces with the objective of further reducing surface roughness and evaluating its effect
on mechanical behaviour and fatigue performance (Figure 91c).

In collaboration with Dedacciai, a number of joining options between the LPBF joints and the
AW7020 tubes were evaluated, including fusion welding and adhesive bonding. Gas tungsten arc
welding was considered but ultimately dismissed due to concerns regarding porosity and the limited
expertise in welding LPBF AISi10Mg to wrought AW7020 in this particular configuration. A further
analysis was conducted on friction stir welding, but it was determined that its implementation in the
context of bike frame, characterised by intricate geometries, poses significant challenges with regard
to the design of tooling and accessibility. Given the aforementioned constraints, and considering the
manufacturer's expertise, the implementation of structural adhesive bonding with epoxy resins was
identified as the optimal approach for integrating the joints into the frame. This method ensured a
reliable mechanical connection, while concurrently minimising thermal distortion and preserving the
properties of both the LPBF joints and the AW7020 tubes. The final design of the manufactured
prototypes is illustrated in Figure 92.
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Figure 92 - Frame equipped with the joint prototypes in (a) assembled and (b) disassembled configuration; (¢)
complete bicycle prototype with electric motor and integrated joints.

The fatigue behaviour of the prototype was assessed through a full-frame test performed at
Dedacciai, using their internal test protocol for bicycle frames. In this setup, the frame is mounted on
two cylinders driven by cams that convert a uniform rotation into a sinusoidal vertical translation with
a total stroke of 55 mm and a rotational speed of 300 rpm, corresponding to a loading frequency of 5
Hz. With this configuration, reported in Figure 93, the frame oscillates vertically with the same
amplitude. A total mass of 42.25 kg is applied to the bottom bracket shell by means of a central shaft
rigidly connected to the shell and carrying several 10 kg and 5 kg discs, distributed asymmetrically
between the two sides to generate both vertical loading and a torsional moment on the bottom bracket.
Dedacciai employs this particular test to validate the structural integrity of the frames prior to
marketing, with the number of cycles the frame undergoes prior to failure serving as the primary
criterion. On the basis of long-term experience and historical data, Dedacciai considers frames that
withstand more than 250 000 cycles in this test to have an expected 10-year failure rate below 3% in
normal service.
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Figure 93 - Fatigue test rig used for frame testing, showing the imposed vertical stroke, loading frequency and
total mass applied at the bottom bracket.

Two distinct pairs of joints were examined, characterised by variations in surface roughness and
surface finish condition. The first pair was tested in the as-built condition and subjected only to
manual sandblasting (SB), resulting in an average surface roughness of R, = 14 um. The second
pair, also in the as-built condition, was further machined (MC) in order to improve the surface finish,
achieving a significantly reduced surface roughness of R, = 0.8 um.

In the first test, the frame was equipped with SB joints. The frame failed after 113 152 cycles,
with crack initiation observed in the joint located on the top tube, as demonstrated in Figure 94a,b.
As illustrated in Figure 94¢,d the fracture developed in one of the most highly stressed regions of the
joint, in accordance with the finding of the finite element analysis.
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Figure 94 — (a) Frame after fatigue test and (b) crack observed in the top-tube joint; (c) front view and (d) side
view of the failed joint showing the crack path.

Subsequent to the fatigue test, the joints were detached from the frame, meticulously cleaned and
sectioned to expose and inspect the fracture surfaces. The analysis, conducted using a scanning
electron microscope, enabled the identification of the crack initiation zone. As demonstrated in Figure
95b, the fracture surface displays macroscopic ridges that are indicative of the direction of crack
propagation. This suggests that the crack nucleates on the outer surface of the joint, in close proximity
to the edge, and subsequently propagated towards the interior. As depicted in Figure 95¢, the failure
was initiated from a single nucleation site, associated with a surface defect. Figure 95d highlights the
region of steady crack growth, characterised by a relative planar surface with several shallow ridges.
Moving further into the joint, deeper ridges and micro-dimples with dimensions comparable to those
of cellular microstructure are observed, suggesting a ductile mechanism of fracture (Figure 95¢.f).
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Figure 95 — (a) Macroscopic view of the failed top-tube joint; (b) fracture surface highlighting the crack
initiation area and main propagation ridges; (c,d) SEM images showing the single crack nucleation site and
the direction of crack growth; (e,f) higher-magnification views of the fracture surface with micro-dimples.

Several studies on LPBF AlSi10Mg have shown that the fatigue behaviour of as-built components
is strongly affected by surface and subsurface defects. Imperfections such as porosity, shrinkage
cavities, un-melted particles or lack of fusion represent the most common defects [111,289]. The
“staircase effect” caused by stepped approximation formed by the layers on curved and inclined
surface can also represent a surface defect [34,290]. A sandblasting treatment reduces the
macroscopic roughness replacing the LPBF typical features with craters and subsurface porosities
attributed to the plastic deformation of the surface and closure of the deep valleys during this
treatment [291,292]. The defect located within a few hundreds of micrometres from the surface
typically remain active fatigue crack initiators [293]. The fracture features observed on the first joint
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are consistent with the aforementioned assumption. The presence of a single nucleation site associated
with a surface defect, together with the macroscopic ridges indicating propagation from the outer
surface towards the interior, reflects the dominant role of the process-induced defect population in
controlling crack initiation in the sand-blasted condition, as reported by Nasab et al. [294]. A review
of literature pertaining to the effect of surface finishing on LPBF AlSil10Mg mechanical performance
suggests that more aggressive post-processing routes, capable of removing the entire defective surface
layer, can strongly enhance fatigue life compared to as-built or sandblasted components
[108,289,295]. In this scenario, the relatively low fatigue life measured for the first joint, in
conjunction with the established crack initiation mechanism, offers a robust basis for the subsequent
joint configurations. A machining was applied to mitigate the effect of surface and subsurface defects
in order to achieve a frame with a fatigue behaviour closer to that of conventionally bicycle frame.

In the second test, the frame was equipped with MC joints. Based on the findings achieved in the
first test and in agreement with Aidro, it was decided to machine the most highly stressed regions of
the joints. In particular, the contact surfaces between the two joint halves, such as the alignment teeth
and the inclined surfaces, were machined to remove any surface and subsurface defects generated
during the LPBF process, as highlighted in Figure 96.

Figure 96 — Second configuration of joints with machined contact surfaces (indicated by arrows).

With this second configuration, the frame failed after 171 1437 cycles, with crack initiation
observed at the joint located on the down tube, as shown in Figure 97a,b. As illustrated in Figure
97¢,d, fracture propagation still occurred along the contact region with the alignment teeth of the
coupling half of the joint system. As demonstrated by FEA simulations reported in Figure 88c, this
region is subjected to the highest stress levels under the applied loading conditions. As reported by
other authors [293,294,296], machining operations aimed at improving surface roughness can lead to
a significant increase in the fatigue performance of LPBF component. However, fatigue crack
initiation remains strongly influenced by the presence of pores or printing defects that may be exposed
on the component surface as a result of machining. The presence of internal porosity in LPBF
components is an intrinsic feature of the technology, which can be mitigated by optimizing process
parameters or by applying specific post-processing treatments, such as hot isostatic pressing.
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Figure 97 — (a) Frame after fatigue test and (b) crack observed in the down-tube joint; (c) side view and (d)
front view of the failed joint showing the crack path.

Subsequent to the fatigue test, the second joint was erroneously subjected to an anodising
treatment, which severely damaged the fracture surfaces. As demonstrated in Figure 98, the chemical
bath employed for anodising penetrated the crack, thereby producing an etching effect that exposed
the microstructure. Consequently, it was unfeasible to conduct a comprehensive fractographic
investigation, hindering the precise identification of the crack initiation site and the associated failure
mechanisms.

Notwithstanding this constraint, on the basis of previous studies on the fatigue behaviour of LPBF
AlSi10Mg and on the effects of surface finishing treatments, it can be reasonably assumed that, in the
MC sample, the original LPBF surface features were effectively removed by machining [295-299].
In this configuration, the joints are expected to fail from a single defect corresponding to an occasional
bulk pore that became exposed at the surface as a consequence of the machining operation, in
agreement with the findings reported by other authors.
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Figure 98 - Macroscopic view of the fracture surface of the down-tube joint.

While these local analyses explain how the joints failed, the design of a safe modular frame also
requires an understanding of how frequently such failures are expected to occur in service. For this
reason, the experimental fatigue lives measured on the modular frames were interpreted within a
probabilistic framework, using a Weibull model calibrated on the manufacturer’s historical data. In
industrial practice, a single fatigue test result does not directly translate into a guaranteed service life,
since fatigue is inherently a stochastic phenomenon and a significant scatter in fatigue life can be
observed even among nominally identical frames [297]. Fatigue performance is therefore typically
evaluated within a probabilistic framework in which experimental fatigue lives are translated into a
probability of failure over a specified service period. In accordance with this approach, the fatigue
performance measured on the modular frames were analysed using a probabilistic model calibrated
on the long-term experience of the industrial partner. Over the past several decades, the manufacturer
has built up an extensive database. This database consists of full-frame fatigue tests that have been
conducted in accordance with standardised laboratory protocols, as well as field failure statistics that
have been collated during the course of service. From the dataset, an empirical relationship was
established between the number of cycles to failure, Ni, and the corresponding 10-year failure rate of
commercial frames, Fi. The discrete data provided by the manufacturer are reported in Table 22.

Table 22 - Estimated 10-year failure probability as a function of fatigue life for the traditional frames.

Cycles to Failure, Ni Estimated 10-year frame failure rate, Fi (%)
500 000 <0.1
250 000 <3
150 000 <10
100 000 <30
50 000 > 80

These data were used as experimental points of the cumulative distribution function F(N) of
fatigue life, where F(N) represents the probability that a frame fails within 10 years of service,
corresponding to a fatigue life in the laboratory test lower than or equal to N. This interpretation
aligns with established reliability approaches for mechanical components. Within these methods,
fatigue life distributions are used to link laboratory test result with in-service failure probabilities
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[298]. The fatigue life distribution was described in continuous form using a two-parameter Weibull
distribution. The Weibull distribution is a frequently employed tool in the fields of fatigue and
reliability analyses due to its flexibility, physical interpretability [299]. The probability density
function (PDF) for a two-parameter Weibull distribution is defined as:

F(N)=1—exp [— (%)ﬁl (3.1

1—F(N) = exp l— (%)ﬁl (3.2)

Where 1 is the scale parameter and B is the shape parameter, which reflects the scatter of fatigue life.
In order to evaluate n and B, the Weibull cumulative distribution function was linearised. The failure
rates supplied by the manufacturer, expressed in percent, were first converted into fractions according
to:

F; (%)
) = 3.3
F(N) = =3 (3.3)
And the transformed variables were introduced:
Y, = In[—In(1 - F;)] (3.5)

By taking the natural logarithm of Eq. (3.2) and substituting Eq. (3.4) and Eq. (3.5), the Weibull
distribution reduces to a linear relationship:

In[—In(1—F,)]=BInN; — Blnn (3.6)

Y; =BX;—pBinn (3.7)

The experimental points (Xj, Yi) can be fitted by a straight line whose slope and intercept provide the
value of n and B. The linear regression of the manufacturer’s data yields the interpolating line:

Y, = —3.1396 - X; + 34.911 (3.8)

with a coefficient of determination R? = 0.966, indicating a very good agreement between the Weibull
model and the historical fatigue data. From the slope and intercept of Eq. (3.8) one obtains:

134



B = 3.1396 (3.9)

34.911
B

1N = exp (— ) = 67478.84 =~ 67 479 (3.10)

Where the absolute value of the slope is used for § > 0.
Once the Weibull parameters are known, the model was used to estimate the 10-year failure

probability associated with any fatigue life N; provided by the manufacturer through the following
equation:

B
Fyeipuu(N) = 1 —exp l— <E> l (3.11)
n

Figure 99 shows the trend of the evaluated values compared with the experimental data, indicating a
satisfactory overlap. This comparison confirms that the adopted distribution is able to represent the
historical experience acquired by the company.
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Figure 99 — Estimated 10-year frame failure rate as a function of cycles to failure.

The fatigue test results obtained on the frames with integrated joints, expressed in terms of cycles
to failure, were used to evaluate, by means of Eq. (3.11), the corresponding 10-year failure
probability, which is reported in Table 23 and illustrated in Figure 99.
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Table 23 - Estimated 10-year failure probability as a function of fatigue life for the frames with integrated
joints.

Joints condition Ni Fi (%)
Sandblasted (SB) 113 152 17.9
Machined (MC) 171 437 5.2

For the first modular frame, which failed after 113 152 cycles, the estimated 10-year failure
probability is about 18%, clearly above the 3% threshold that the manufacturer considers acceptable
for commercial frames. For the second frame, which reached 171 437 cycles before failure, the model
predicts a failure probability of approximately 5%, already much closer to the industrial target. While
the result remains marginally above the desired threshold, this outcome signifies a substantial
enhancement in fatigue reliability.

Despite the limited number of tested specimens, the probabilistic interpretation suggest that the
fatigue performance of the modular frame is comparable to that of the conventional frame, evaluated
in terms of failure probability over time. It is imperative to emphasise that the integration of the
modular joint does not compromise the global fatigue reliability of the structure, provided that
appropriate design and post-processing strategies are implemented. The Weibull-based approach
enables a meaningful and objective comparison between the modular concept and traditional frame
designs, thereby facilitating a more comprehensive understanding of the relationship between
laboratory fatigue tests and expected in-service performance.

The present study has demonstrated that LPBF AlSi10Mg ca be effectively employed to produce
functional modular joints for aluminium e-bike frames, thereby enabling the development of
separable structures without compromising global stiffness or safety. The fatigue tests demonstrates
that joint performance is predominantly governed by the distribution of local stress and by the
population of surface and subsurface defects intrinsic to LPBF. These defects can be mitigated by
implementing suitable post-processing methodologies. This hypothesis is supported by the enhanced
fatigue life of the machined joints and the associated reduction in predicted 10-year failure
probability. When evaluated within a probabilistic model calibrated with industrial data, these
findings suggest that modular frames integrated with LPBF-processed joints can achieve fatigue
reliability levels comparable to those of conventional frames, provided that appropriate design,
manufacturing and finishing strategies are employed.
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6 Conclusions

The research activities discussed in this study have demonstrated that aluminium alloys produced
by laser powder bed fusion can be employed to engineer lightweight and modular structures for light
electric vehicles, with a crucial need for assessing the correlation between alloy chemistry, process

parameters, microstructure and joining strategies.
Based on the results obtained, the following key observations can be summarised:

At the material level, the results obtained for LPBF AISi9Cu3 alloy demonstrate that the
corrosion behaviour remains significantly influenced by the melt pool macrostructure. The
distribution of Cu-rich precipitates at the melt pool boundaries, togheter with their
galvanic coupling with the Al matrix, has been identified as the primary driving force for
selective corrosion. Furthermore, the presence of Cu-rich precipitates strongly affects the
passive oxide film, facilitating the localised corrosion in chloride-containing environment.
The ability to control the melt pool macrostructure through post-process heat treatments,
with subsequent microstructural changes, has emerged as a key design strategy for
tailoring the corrosion resistance of LPBF alloys. These findings underscore the
importance of taking into account the LPBF-specific microstructural architecture and post-
processing history when designing corrosion-resistant strategies for AI-Si—Cu alloys.

The comparative analysis demonstrates that the corrosion behaviour of LPBF aluminium
alloys is not only related to the intrinsic electrochemistry of alloying elements, but their
content can affect also the microstructural features. The increase in copper content,
particularly in conjunction with a lower silicon content, lead to a more discontinuous
precipitates-containing network, intensifying microstructural heterogeneity and resulting
in enhanced corrosion phenomena.

At the structural level, experimental and numerical investigation of non-periodic
AlSi110Mg lattice structures manufactured by LPBF established a clear link between
relative density, topological aspect ratio and deformation behaviour. This research
demonstrated the efficacy of a combined use of Gibson-Ashby model and TAR in enabling
the design of lattice configurations with tailored stiffness, strength and energy absorption.
The lattice study also revealed the strong influence of the specimen geometry and number
of unit cells on the transition between bending- and stretch-dominated behaviour.
Furthermore, the possibility of obtaining hybrid deformation regimes through the
controlled variation of cell parameters has emerged. This approach opens up the design of
lattices with a tailored mechanical response for specific functions and enables the
definition of equivalent mechanical properties that can be directly used in the design of
innovative components integrating lattice structures.
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e The hybrid welding study showed that the behaviour of hybrid joints between
traditional alloys and LPBF alloys is strongly related with the interplay of local
composition, microstructural features and the degree of mixing between the filler metal
and base materials. GTAW hybrid joints, in both continuous and pulsed conditions, exhibit
significant compositional heterogeneity in the weld bead. This heterogeneity leads to a
different mechanical and corrosion behaviour within the joint, suggesting the need to
optimise process parameters and potentially the filler metal selection to enhance mixing
homogeneity and joint performance. In contrast, FSW is a more effective strategy for the
production of hybrid joints. It can prevent typical casting defects and ensure good
mechanical efficiency. However, performance is strongly affected by two main factors:
local softening of the heat-affected zone (HAZ) of the wrought alloy, which reduces tensile
strength; and the presence of heterogeneities and micro-galvanic couplings in critical areas
on the LPBF side, which can trigger the corrosion behaviour. FSW was identified as a
more reliable solution for hybrid joints involving LPBF components from the standpoint
of its application.

The integration of the rear triangle with the lattice structure demonstrated the feasibility
of combining LPBF lattice structures with conventional frames. The employment of an
equivalent-material FEM approach enabled the prediction of the primary deformation
modes and stress concentrations under service-like loading conditions. The experimental
validation revealed a pronounced permanent deformation of the lattice-integrated region
and the occurrence of visible cracks in the outer portion of the lattice. This is consistent
with the original design philosophy, which defined this outer region as the least stiff and
most deformable part of the component. These findings underscore the limitations of
employing as-built properties of LPBF materials as a reliable indicator of the mechanical
response of lattice structures. The thermal cycles inherent in welding and post-processing
processes have been demonstrated to induce substantial modifications to the local
microstructure, thereby influencing the effective behaviour of the lattice region. This
emphasises the importance of defining equivalent mechanical properties that explicitly
account for the entire manufacturing process, including joining operations, when lattices
are integrated into load-bearing components. The research demonstrated the pivotal role
of a holistic design approach in ensuring the efficacy of LPBF lattice structures in
structural applications.

The experimental investigation of modular joint prototypes has demonstrated the
feasibility of employing LPBF AlSilOMg in the fabrication of removable joints for
aluminium frames, while maintaining optimal global stiffness. Mechanical testing
demonstrated a fatigue behaviour that approached the target performance, and a
Weibull-based statistical analysis revealed enhanced reliability as manufacturing and
finishing strategies became more refined. The findings of this study demonstrate that,
when appropriate design selections and surface-finishing procedures are implemented,
LPBF components can achieve mechanical performances that are consistent with
structural requirements. Concurrently, the prototypes emphasised the pivotal impact of
defects and surface condition on the fatigue response of LPBF aluminium alloys. This



finding suggests that the industrial viability of LPBF modular joints is contingent on the
implementation of effective post-processing and quality control strategies, rather than
being constrained by intrinsic material limitations. The results of these prototypes
demonstrate the potential of LPBF for functional and modular structural components,
provided that design, manufacturing and post-processing are treated in an integrated
approach.
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7 Future developments

On the basis of the results presented in this thesis, several lines of future research can be identified:

Concerning the lattice structures manufactured in AISi10Mg, future developments
concern evaluation of their mechanical behaviour following realistic manufacturing
histories. The findings of this thesis demonstrated that the performance of lattice structures
is significantly influenced by their material condition and cannot be reliably predicted
based solely on as-built properties. Consequently, a systematic mechanical
characterisation of the lattice architectures post-welding and post-processing thermal
cycles is imperative to quantify the associated degradation in stiffness, strength, and
deformation capacity. Moreover, extending the current modelling framework to take into
account surface condition, defect population and anisotropy would enhance the predictive
capability of equivalent property models based on TAR and Gibson—Ashby relationships.

With regard to the joining processes, the comparative analysis between GTAW and FSW
highlighted the necessity for further optimisation of hybrid joining strategies involving
LPBF and wrought aluminium alloys. Future research should prioritise the enhancement
of solid-state joining processes through the investigation of a more extensive range of tool
geometries, processing parameters, and material positioning strategies. It is imperative to
focus on the reduction of residual stresses and microstructural inhomogeneities that arise
during the joining process. This can be achieved through the implementation of
customised post-weld heat treatments to enhance the joint reliability and durability, while
avoid excessive softening of the wrought alloy. Furthermore, future work should extend
the development and optimisation of hybrid welding processes to additively manufactured
high-strength aluminium alloys, in order to fully exploit their potential in lightweight
structural applications.

Focusing on the prototype manufacturing, future developments should prioritise the
validation of the proposed concepts under realistic service conditions. In the case of lattice-
integrated components, full-scale fatigue test after welding would provide a more robust
assessment of their structural integrity and long-term performance. For modular bike
frames, the implementation of extended fatigue programmes on assembled frames, in
conjunction with statistical analyses, has the potential to facilitate the refinement of
reliability models and the establishment of acceptance criteria based on defect population
and surface condition. These studies would facilitate the transition from proof-of-concept
demonstrators to engineering solutions suitable for industrial implementation.
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